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ABSTRACT 
The dynamic mechanical and dielectric properties of 
a number of morphologically different samples of poly(ethylene 
oxide) and poly(tetramethylene oxide) are reported over the 
0 temperature range -150 C to above the glass transition temperature. 
The dynamic mechanical measurements are by a vibrating reed 
technique at 
measurements 
essentially constant frequency and 
2 6 
are made over the range 10 -10 Hz. 
the dielectric 
POly(ethylene oxide) exhibits two low temperature 
dielectric loss peaks; the higher temperature process (termed 
~-process) is ascribed to the glass-rubber transition of the 
amorphous phase and the lower temperature process (termed 
~-process) is ascribed to a local mode oscillation of the chains. 
The polymer exhibits only one mechanical loss peak, a ~-peak. 
Poly(tetramethylene oxide) exhibits two low temperature mechanical 
and dielectric loss processes. The higher temperature ~-process 
is ascribed to the glass-rubber transition of the amorphous 
phase, whilst the complex lower temperature 0 -prodl'ess is 
associated with motion in both the amorphous and crystalline 
phases. 
Configurational studies indicate that poly(ethylene 
oxide) chains do not exclusively prefer trans or gauche config-
urations and that poly(tetramethylene oxide) chains favour the 
trans configuration. 
New information regarding the crystallization of 
poly(tetramethylene oxide) is presented and a new simple method 
for estimating the crystallinity of polar polymers from dielectric 
measurements is reported. 
iv 
The moduli of the partially crystalline polymers 
are analysed by both molecular and phenomenological approaches 
and an analysis based on the crystalline-amorphous coupling 
within the polymer spherulites is presented to account for the 
moduli of such polymers. 
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INTRODUCTION 
1.1 Introduction to Measuring Techniques 
The study of the molecular freedom in bulk polymers by 
dynamic mechanical, dielectric and n.m.r. techniques is well 
established and numerous review articles on these techniques are 
available (1-5). 
The application of mechanical and dielectric methods in 
the investigation of molecular motion is based on the fact that 
changes in the rate and type of motions will be reflected in the 
mechanical and dielectric properties (moduli and permittivity). 
This is true for the dielectric properties only if a change in the 
mobility of a molecular dipole is involved, Polymer structures are 
so complex that a number of different motional possibilities exist, 
which would affect the mechanical moduli or dielectric permittivity. 
For example, small molecular units such as methyl groups are 
believed to acquire motional freedom about their single bond axis 
at low temperatures, whereas the rotational motion of larger 
molecular units such as phenyl rings does not commence until higher 
temperatures. Molecular motion of the main chains by rotation 
about single bonds (glass transition temperature) takes place at 
temperatures higher than those usually associated with side 
group motion. At higher temperatures the mechanical and dielectric 
properties of crystalline polymers will be further affected by the 
molecular freedom of the melting crystalline regions. 
1. 
When a polymer is in equilibrium these molecular motions 
occur in a random direction. If however an external mechanical 
or dielectric stress is applied, an anisotropic strain is set up, 
since the molecular motions are biased in the direction of the 
applied stress. The process is termed a relaxation since, because 
of its diffusional rather than vibrational nature it is not 
intantaneous. In the dynamic experiments with which we shall be 
concerned the external stress is applied sinusoidally at 
defined frequencies in order to characterize the relaxation times 
exhibited by the polymer. The frequency dependence of the 
storage and loss moduli and of the dielectric permittivity and 
loss are measured over a wide temperature range. In this way a 
fairly complete picture may be established of the molecular 
response of each polymer structure to the applied stress. 
1.2 Introduction to the Present Study 
Dynamic mechanical, dielectric and n.m.r. techniques have 
been used extensively in the study of the chain motions in poly-
(ethers) of the general form -£tcH2+nof m' where n is 1,2,3 and 4. 
McCrum (6), Read and Williams (7) and Wetton and Allen 
(8) have reported mechanical data for poly(metbylene oxide) (n=l). 
Further mechanical data over a wide frequency range and also 
n.m.r. data have been published for this polymer by Thurn (9). 
Numerous dielectric measurements for the polymer have been 
published (7) (9) (10) (11) (12). 
Mechanical measurements on poly(ethylene oxide) (n=2) 
have been reported by Wetton and Allen (8). Measurements above 
the melting point of this polymer have been made by Yin, Lovell_ 
and Ferry (13) and McCrum (6) has presented single frequency 
2. 
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mechanical data over a wide temperature range. N.m.r. measure-
ments have been reported by Allen, Connor and Pursey (14) and 
these results, together with mechanical and dielectric data have 
been reviewed by Connor, Read and Williams (15). 
Single frequency mechanical data on poly(trimethylene 
oxide) (n~3) have been reported by Willbourn (16). 
Willbourn (16) and Wetton and Allen (8) have presented 
dynamic mechanical data on poly(tetramethylene oxide) (n~4) and 
Wetton and Williams (17) have reported the dielectric properties 
of the polymer over a range of frequencies. 
Further mechanical studies on poly(ethers) not conforming 
to the general formula given above have been reported; poly(ethylvinyl 
ether) (8) (18) (19) and poly(propylene oxide) (8) (20). 
The apparent thoroughness of the above studies might 
suggest that further investigation into poly(ethers) would be 
unnecessary. However all the polymers examined, with the exception 
of poly(vinylethyl ether), were partially crystalline and although 
this was realized, little consideration was given to the fact that 
the dynamic relaxation behaviour of partially crystalline high 
polymers can be more complex than that of amorphous systems with 
comparable molecular structures. 
The present study of well defined partially crystalline 
samples of poly(ethylene oxide) and poly(tetramethylene oxide) has 
thus been undertaken with the purpose of determining the molecular 
origin of the observed processes and ascribing these processes to 
particular phases in the system, in order to define the dielectric 
and mechanical behaviour of partially crystallized systems. A 
summary of the dispersion regions already 9bserved in poly(ethylene 
oxide) and poly(tetramethylene oxide) is shown in Fig.l.l. The 
3· 
poly(ethylene oxide) data are by Read (20) and the poly(tetra-
methylene oxide) data by Willbourn (16). Both sets of data 
were obtained from single frequency mechanical measurements and 
were in agreement with dielectric loss data of that time. The 
~-process in both polymers was considered to be due to the 
thermal motion of the chains,i.e. the glass transition. 
Dilatometric measurements on both polymers and the massive 
modulus drop at the ~-temperature tended to support this view. 
The mechanism of the ~ -process in poly(tetramethylene oxide) 
however was not understood. Willbourn (16) suggested that it 
was due to the reorientation of the ~CH~ units. Support for 
this idea was afforded by his dynamic mechanical data of poly-
e~e (trimethyl/oxide) and poly(ethylene oxide), the former case 
showing only slight evidence of a ~-peak and the latter case 
no evidence at all of a ~-peak. However the dielectric 
~ -peak indicates that tC-0-C~ groups take part in the motion. 
The onset of rotational freedom by a 'crankshaft' motion of 
five or six chain units as suggested by Schatzki (21) (22) is a 
possible explanation of the observed ~-dispersion. Another 
mechanism proposed was the local mode theory of Okano (2) 
which accounted for the molecular motions of polymer chains 
below their glass transition temperature. 
Whilst there seems to be little doubt concerning the 
origins of the ~-dispersions in the two polymers, there still 
remains considerable speculation on the mechanism of the 
~-process in poly(tetramethylene oxide). 
Recent low frequency dielectric work by Ishida, 
Matsuo and Takayanagi (23) on bulk and solution crystallized 
4. 
poly(ethylene oxide) has revealed the presence of a dielectric 
~ -process at about -ll0°C (lOO Hz) which extends the previously 
published data. In the light of this work even the mechanism of 
the ~-dispersion may demand reconsideration. 
It is hoped that the present dynamic mechanical and 
dielectric work with well defined and morphologically different 
samples of poly(ethylene oxide) and poly(tetramethylene oxide) 
will help to clarify the origins and phases of the observed 
molecular motions. It is also hoped to shed light on the behaviour 
of other partially crystalline polymers, since poly(ethylene 
oxide) adopts a helical configuration in the crystalline phase, 
as do poly(isobutylene) and isotactic poly(styrene), whereas 
poly(tetramethylene oxide) adopts the extended zig-zag 
configuration of poly(ethylene). 
5. 
CHAPI'ER II 
THEORY 
A. SIMPLE RELAXATION BEHAVIOUR 
2.1 Historical Introduction to Viscoelasticity 
The classical Hookean equation of elasticity governs the 
mechanical properties of perfectly elastic solids for which stress 
is directly proportional to strain but independent of the rate of 
strain 
a- = E't (2.1) 
where er and );" are stress and strain respectively and E' is the 
Young's modulus. 
The classical Newtonian theory deals with the properties 
of viscous liquids where the stress is proportional to the rate 
of strain but independent of strain 
dll' 
dt 
(2.2) 
where 0" and 't are stress and strain respectively, 'I is the 
Newtonian viscosity and t the time. 
These conditions are in fact idealizations: it is safe 
to say that any real solid and any real liquid would show deviations 
from the classical theories if subjected to precise measurements. 
The deviations from classical behaviour were reported more than a 
century ago (24), when it was found that elastic behaviour was not 
instantaneous but dependent not only on time but also on the stress 
and strain histories of the body. Maxwell (25) attempted to 
account for the exponential decay of stress at constant strain by 
discussing the behaviour in terms of a mechanical model comprising 
an ideal elastic element, the Hookean spring, in series with an 
6. 
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ideal viscous element, the dashpot. Voigt (26) and Kelvin (27) 
independently treated creep,i.e. the change of strain at constant 
stress, in a similar manner. The model they considered was a 
spring and dashpot in parallel. The two models are illustrated 
in Fig.2.l. 
It is therefore apparent that the explanation of non-ideal 
behaviour involves the consideration of a combination of liquidlike 
and solidlike characteristics. The term adopted to describe this 
behaviour is 'viscoelastic'. 
The above considerations were to form the basis for the 
phenomenological treatment of viscoelasticity. An important 
general principle concerning the linear behaviour of viscoelastic 
materials,i.e. when stress is proportional to strain, was stated 
by Boltzmann (28) and is known as the Superposition Principle. The 
Principle was restated by Leaderman (29): the total deformation 
produced at any time due to a complex loading history is the sum 
of the deformations which would be produced by each of the 
separate loads; removal of the loads is regarded as the application 
of negative load. 
The simple models of Maxwell and Voigt, with their 
single relaxation and retardation times, were not adequate to 
describe viscoelastic behaviour. Complicated and continuous arrays 
of elements were constructed to simulate the actual behaviour of 
viscoelastic materials. It was believed that an arrangement which 
was applicable to all viscoelastic materials could be found simply 
by choosing the right combination of elements with the correct 
element constants. Poincar~ (30) pointed out that if a physical 
phenomenon could be represented by a set of mechanical models 
it may also be represented by an infinite number of other models. 
7. 
This is equivalent to saying that if a four element model represents 
a physical phenomenon there is no reason why a hundred element model 
should not also represent the phenomenon. 
The model represents only macroscopic behaviour and does 
not necessarily provide insight into the molecular basis of visco-
elastic behaviour. 
From molecular considerations the prominence of visco-
elasticity in polymers is not surprising, since complicated 
molecular rearrangements must underlie any macroscopic deformation. 
Tuckett (31) proposed that the uncoiling of polymer chains under 
stress should be treated as a unimolecular chemical reaction. This 
led to the general exponential form of the creep curve with a 
retardation time given by the reciprocal of the rate constant. 
However, as in the phenomenological theory, a single retardation 
time did not satisfy the experimental data. The rearrangements of 
polymer chains under stress vary from relatively rapid local scale 
rearrangements involving two or three bonds to relatively slow 
long range rearrangements involving perhaps the whole chain. The 
time scales for these deformations will vary considerably, thus 
producing a distribution of relaxation times. Alfrey (32) and 
Kirkwood (33) have suggested distributions of relaxation times 
for the viscoelastic behaviour of particular rubber-like polymers. 
Recently Rouse (34) and Bueche (35) have developed a theory for 
the distribution of relaxation times of dilute polymer solutions 
from molecular considerations. More recently another theory has 
been proposed by Okano (2) (36) and others (37) (38) (39) to 
account for molecular motion in the glassy state. The theory is 
known as the 'Local Mode Relaxation Theory'. 
8. 
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2.2 Definition of Dynamic Terms 
When a viscoelastic body is stressed the strain develops 
with time behind the stress. When the body is subjected to a 
sinusoidally varying stress the strain alternates sinusoidally but 
lags in phase behind the applied stress. 
The stress can be resolved vectorially into two components, 
0 
one in phase with the strain and the other 90 out of phase with 
the strain. If each component is divided by the strain the modulus 
is separated into in-phase (real) and out-of-phase (imaginary) 
components. This is represented in Fig.2.2. The complex dynamic 
modulus is given by 
* E = E' + j E" (2.3) 
The terms are defined as follows the complex dynamic modulus 
* E 
= stress amplitude 
strain amplitude 
The in-phase or storage modulus E' 
= stress amplitude in phase with strain 
strain amplitude 
(2.4) 
(2 .5) 
and is associated with the reversible storage and release of 
energy in cyclic or periodic deformations. The out-of-phase 
or loss modulus E 11 
= stress amplitude in quadrature with strain (2.6) 
strain amplitude 
and is associated with the dissipation of energy per cycle. 
The phase difference between the sinusoidally 
alternating stress and strain is measured as the phase angle 6 
The loss tangent 
tan b = E11 
E'" 
(2.7) 
and is proportional to the fraction of energy dissipated per cycle. 
9. 
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The above definitions apply equally to all three principal moduli. 
In the dielectric case when a sinusoidally varying stress, 
i.e. an alternating voltage, is applied to polar molecules they 
tend to reorientate themselves. With an increase in frequency the 
molecules begin to lag behind the oscillations of the alternating 
field. This lag is generally referred to as a relaxation and may 
be defined as the lag in the response of a system to change in the 
forces to which it is subjected (40). This molecular reorientation 
is equivalent to an electric current. 
The effect may be illustrated by considering a 
condenser of capacitance C • In the ideal case when there is no 
0 
lag and polarisation is instantaneous the capacitive current 
0 
W£ 1C V is 90 out of phase with the alternating potential. In 
0 
a condenser where not all the response is instantaneous the 
current acquires a component GJ £11C V which is in phase with the 
0 
voltage, Fig.2.3. This loss current is due to the dissipation of 
part of the energy of the field as heat. 
The tangent of the loss angle b is given by 
tan & = € 11 (2.8) 
£T 
where 0 1 and e" are the dielectric permittivity and dielectric 
loss respectively. A complex dielectric constant is defined as 
* £ ; €' - j £. 11 (2.9) 
Correlation between dielectric and mechanical 
properties of polymers is possible (41) (42). 
2.3 Single Relaxation Behaviour 
Dynamic behaviour, which in this discussion includes 
mechanical and dielectric behaviou~ is subject to the variables 
of time and temperature. 
10. 
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The Effect of Time 
It has been shown mathematically (43) (44) that the 
response of a standard linear solid Fig.2.4 with a single 
relaxation time and two definite limiting moduli to a sinusoidal 
strain of angular frequency w is 
2 2 E'(w); E
0 
+ (E 00 - E0 )t.J r 
E" ( w ) ; 
1 + t:.J27"2 
(Eoo - E )'-'1" 
0 
(2.10) 
(2 .11) 
where E' ( w ) and E" ( w ) are the storage and loss moduli 
respectively as defined in Section 2.2. E 00 and E0 are the 
moduli at high and low frequencies respectively. Equations 
2.10 and 2.11 are plotted against ln( <AJ7" ) in Fig. 2.5 and 
represent the behaviour of a body with a single relaxation time. 
The Debye equation (45) for the complex dielectric 
constant 
(2.12) 
where e~ is the limiting high frequency dielectric permittivity 
and e is the static dielectric permittivity, can be separated 
0 
into the real and imaginary parts to give 
(2.13) 
E."(w)= ( f, - £ ) W/ 0 00 (2.14) 
In Equations 2.10 and 2.11 r is the relaxation time and is 
generally defined as follows : on application of an instantaneous 
11. 
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strain a stress 0'""00 is observed which decays with time to 
00 ; the time taken for the stress to decay 1/e of ( <r00 - o-0 ) 
is termed the relaxation time. In equations 2.13 and 2.14 T 
formally represents the retardation time since dielectric 
experiments are similar to creep experiments. It would therefore 
be expected that the best correlation between dielectric and 
mechanical data would be afforded by comparison of mechanical 
compliance data with the dielectric data. Experimentally however 
it is found that the best correlation is obtained with modulus data. 
Equations 2.13 and 2.14 are plotted against log frequency in 
F:i.g.2.6 for e = 10, 
0 
"" -10 c00 = 2 and , = 10 s. 
Molecularly the behaviour of the polymer with frequency 
can be qualitatively explained by simple arguments. First 
consider the sigmoidal shape of the storage modulus and the 
dielectric permittivity. At high frequencies no molecular motion 
or orientation can take place within the time scale of stressing 
and so the polymer behaves as though it was in the glassy state. 
The storage modulus therefore has a high value and the dielectric 
permittivity a low value, since the latter depends on the number 
of dipoles moving. At lower frequencies, i.e. a longer time 
interval of stressing, the polymer chains or dipoles have time 
to rearrange in the direction of the strain. The storage modulus 
is therefore low and the dielectric permittivity high. The 
maximum in the mechanical and dielectric loss curves with 
frequency is similarly explained on a molecular basis. 
In the mechanical case it is considered that at high 
frequencies of straining, with only glassy state response from 
the polymer, the deformation is essentially instantaneous. Stress 
12. 
and strain are nearly in phase and the magnitude of the stress 
in quadrature with strain and hence the loss modulus will be 
small. At low frequencies of straining the polymer molecules are 
able to rearrange themselves within the time scale to keep the 
stress at a low level. Stress and strain will again be nearly 
in phase resulting in a low loss modulus. At intermediate 
frequencies it is assumed that the strain lags behind the stress 
because the polymer molecules are not sufficiently mobile to 
respond instantaneously and they move slowly in the direction of 
the applied stress. It is this lag of strain behind stress which 
causes the stress component resolved in quadrature with strain 
to be large. The value of the loss modulus is also large and 
will pass through a maximum. 
In the dielectric case the variation of e" with 
frequency can be explained in a similar way. At low frequencies 
complete orientation of the dipoles takes place and no loss will 
occur since the current will not have a component in phase with 
the voltage. At high frequencies the dipoles are unable to 
orientate themselves within the time scale of the applied field 
and again no loss occurs. At intermediate frequencies the 
dipoles will be partially orientated, the current will acquire 
a component in phase with the voltage and loss will occur. 
It follows that tan 6 should also pass through a 
maximum when plotted against frequency, since tan o ; 
E"/E' = <;"/ € '. 
In the case of a single relaxation time, as in the 
idealized treatment, the maximum loss occurs when 
1' = 1 
w 
13. 
(2.15) 
The mechanism for the dissipation of energy is not 
well understood. However, when T= 1/W conditions of maximum 
irreversibility exist and there will be a maximum in the 
irreversible entropy production per cycle. If this non-
equilibrium condition is applied to the Second Law of Thermo-
dynamics, which is not theoretically possible, an increase in 
temperature will occur if the stressing is carried out 
adiabatically, since 
s<rr = Q. ~ ?rr = C 6T p-T 
(2 .16) 
where s·. , Q. are the irreversible entropy and heat generated 
~rr lrr 
respectively, and AT and C are the temperature change and p 
specific heat respectively. The polymer will therefore be 
maintained at a temperature slightly higher than its surroundings, 
which is sufficient to cause a heat flow away from the polyme~ i.e. 
the dissipation of energy, 
The Effect of Temperature 
The simplest treatment whereby polymer chains rearrange 
themselves is governed by the thermal energy which the chains 
possess. The average energy of rearrangement and the average 
relaxation times are given by a Boltzmann-type equation 
* '( = A exp ( A H /RT) (2 .17) 
* where the ratio of the activation enthalpy ~ H to the thermal 
energy RT centrols the relaxation time 7 , if the pre-exponential 
A has little temperature dependence compared with the temperature 
* dependence of ~H • Substitution of Equation 2.17 into 
Equations 2.10 and 2.11 and Equations 2.13 and 2.14 gives the 
effect of temperature on the mechanical and dielectric cases 
respectively. Considering the mechanical equations only, 
14. 
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substitution gives 
2 2 * E' ; E +(E 00 - E0 ) W A exp (2 llH /RT) 
0 
2 2 * 1 + w A exp (2LIH /RT) 
(2.18) 
E" * (E 00 - E0 ) w A exp ( A H /RT) (2.19) 
2 2 * 1 +~A exp (2/:IH /RT) 
The effect of temperature variation, at constant 
frequency, is therefore similar to the effect of frequency at 
constant temperature. Equations 2'.18 and 2.19 are plotted in 
-1 Fig.2.7 for an activation enthalpy of 20kcal.mole. , with 
A ; 10-13 and w ; 103 radians s-1 • The molecular explanation 
of these plots is again similar to that in the earlier discussion. 
15. 
B MOLECULAR RELAXATION IN HIGH POLYMERS 
2.4 Transitions in Polymers 
It is found that the dynamic properties (mechanical 
modulus and loss and dielectric permittivity and loss) follow a 
pattern similar to that described previously in Section 2.3 of 
this Chapter. The main divergence from ideal behaviour is caused 
by the polymer transitions having a distribution of relaxation 
times and activation enthalpies. 
From an inspection of the dynamic loss data of a number 
of polymers (l-5) (19) (46) (47) (48) the following generalizations 
may be made: 
(i) Relaxation or dispersion regions occur in all organic 
polymeric materials. 
(ii)The number and nature of the transitions vary from 
polymer to polymer, depending on the molecular 
structure of the polymer. 
(iii)The exact position of each transition is also dependent 
on the temperature and frequency of measurement. The 
temperature and frequency dependence allows the 
activation enthalpy of the transition to be 
calculated from the slope of log frequency v 1/T plots. 
m 
The exact mechanism for the several types of 
transitions which occur in polymeric materials is often difficult 
to determine and only a general analysis of them is given here. 
(i) A first order transition is exhibited in crystalline 
polymers which is attributed to the melting of the 
crystalline regions. This is usually termed an 
a-transition. 
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(Note: in this discussion the labelling of transitions is by 
the Greek alphabet; a denotes the first transition observed on 
the temperature whilst going from high to low temperatures and 
~' ~ , 5 etc. refer to the subsequent lower temperature-plane 
transitions). 
(ii) A ~-transition is exhibited in the amorphous phase 
(iii) 
of polymers at or around the glass transition temperature 
and is attributed to the acquisition of main chain 
rotational freedom. The transition temperature from 
rubber to glass (or vice-versa) is dependent on 
chemical constitution and varies from polymer to 
polymer. The most satisfactory way of determining the 
temperature is to measure the discontinuity of the 
coefficrent of thermal expansion with temperature. 
Because the transition involves a discontinuity in 
the second derivative of the thermodynamic function V 
it has been regarded as a second order transition 
(49) (50). 
Many polymers exhibit a ~-transition below their 
glass transition temperature (1-5) (46-48). Various 
mechanisms have been proposed for this transition. 
One involves the mobility of a limited region of the 
main chain by considering a type of 'crankshaft' 
motion (21) (22). Willbourn (16) also considers 
that low temperature main chain mobility is possible 
when as few as four main chain bonds are involved. 
Another mechanism involves the local mode relaxation 
theory (2) (36-39). It is considered that below 
17. 
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the glass transition temperature the equation of motion of the 
polymer molecules has two solutions. One solution indicates that 
the molecular vibrations are within the infra-red frequency range 
thus accounting for the infra-red spectra. 
otper 
The/solution indicates 
a relaxation-type motion. At low temperatures the transitions 
between local equilibrium configurations, i.e. micro-Brownian 
motion, are considered impossible, whereas a limited torsional 
vibrational motion of the molecules can occur. The result is a 
distribution of frequencies and amplitudes. Vibrations with 
large amplitudes lose their vibrational nature through the 
damping imposed on them by the viscous media, and relaxation 
type behaviour results. The model can be imagined as oscillations 
of the chains within a potential energy minima imposed by the chain 
conformation. A third mechanism for the ~ -transition is 
side chain motion; the exact position of the transition depends 
not only on the temperature and frequency of measurement but also 
on the side group itself. An essentially flexible hydrocarbon 
side group could produce a transition at as low as -150°C 
(48) (51). However a more rigid and bulky side group such as 
a phenyl ring could produce a transition at only a few degrees 
below the ~-dispersion (52)(53). Often the ~- and ~-dispersions 
in these cases are not resolved at high frequencies. 
(iv) Transitions at even lower temperatures have been observed (46) 
(47). However their mechanisms have not yet been established. 
In addition to the above transitions partially 
cry.stalline polymers may also show loss peaks attributed to 
the following (54) 
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(i) A first order transition of one crystal type to 
another. 
(ii) Molecular motion within the crystal. 
(iii) Molecular motion at crystal defect sites. 
(iv) Molecular motion at lamellae surfaces. 
2.5 The Static Moduli of Rubbers from the Rubber Elasticity 
Theory 
Kuhn (55) and later Treloar (56) (57) developed a 
theory for the elasticity of a molecular network over small 
extensions based on the rubber elasticity theory with the 
following assumptions 
(i) The chains forming the network all have the same length. 
(ii) The distribution of the distances between the chain 
ends is Gaussian. 
(iii) 
(iv) 
The volume remains unchanged on deformation. 
The effect of the deformation is to change the 
components of the distance between the ends of each 
chain in the same ratio as the corresponding dimensions 
of the bulk rubber. 
The term 'chain' in (i) is that portion of the molecule included 
between successive junction points along its length. Assumption 
(ii) is based on the argument that prior to vulcanization each 
molecule exists in a random form, with the chain-end distances 
described by a Gaussian probability formula. If vulcanization 
takes place by random cross-linking it is reasonable to assume 
that it will not affect the instantaneous form of the molecules. 
Hence the distribution of the chain-end distances will remain 
unaltered. Assumption (iii) is based on observation and 
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assumption (iv) is purely arbitrary. 
The calculation of the stress-strain relationship 
of the rubber proceeds through the following stages. First the 
total entropy of a system of N chains per unit volume is calculated 
from the distribution of the chain-end distances in the unstrained 
state by summing the entropies of the individual chains. This 
is given by 
S = N (C - 3k/2) (2.20) 
0 
where C is a constant and k is Boltzmann's constant. By using 
assumptions (iii) and (iv) the corresponding entropy in the 
strained state is given by 
S = N [C - !k (l 2 + 12 + 12 )] 1 2 3 (2.21) 
where 11 , 12 and 13 are the extension ratios in the three principal 
directions. The stored energy or the work of deformation W is 
given from the entropy difference in the two states, since it 
can be shown for a single chain that W =-TLlS = T (S - S ) 
0 
w = ~ NkT(l2 + 12 + l 2 - 3) 2 l 2 3 (2.22) 
It can be shown generally from the work function W = fdl, where 
f and dl are the force and displacement measured in the 
.>.direction of the force respectively, that NkT = E' where E 1 
is the modulus of elasticity and is proportional to the number 
of chains per unit volume. 
(2.23) 
Thus the physical properties of rubbers are shown 
to be independent of the chemical nature of the molecules of 
which they are composed, but dependent on the number of 
chains or alternativelY the number of junction points. The 
quantity N is related to the 'molecular weight' M of the 
c 
chains 
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(2 .24) 
where R is the gas constant and M the molecular weight of the 
c 
chains between two successive junction points. Equation 2.24 is 
the basic equation of the modulus from rubber elasticity considerations. 
Although the above treatment has the merit of directness 
and simplicity it has one fundamental weakness. The spacial 
position of the junction points of the network is only assumed to 
change in the same way as the principal axis, thus limiting the 
freedom of movement of the system to the lengths of chain between 
these fixed points. James and Guth (58) proposed a network 
similar to the Kuhn-network except that the junction points 
rnvo1ve..a. 
~e in the micro-Brownian motion of the chain elements. 
only junction points having initially fixed positions are those 
on the boundary surfaces of the rubber. Complete statistical 
freedom is allowed to the other points, subject to the mutual 
chain interconnections. The James and Guth model therefore 
corresponds more closely to the actual physical structure of a 
rubber than does the Kuhn model. 
The modulus E' from the James and Guth treatment is 
given as 
( 2. 25) 
where nt is the number of statistical links in the t th chain 
and At is the ratio of the mean end-to-end length to the 
fully extended length. Since the process of network formation 
leads to a distribution differing from that of a free chain, 
Equation 2.25 has been further modified (59) to 
~NkT ~ (2.26) 
where t is a factor dependent on the structure of the network 
and Mc is the mean molecular weight of the chains. 
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Flory (60) further refined the theory by considering 
the effect of certain types of departures from the idealized net-
work model. He considered the effects on the modulus of chain 
entanglements, intrachain linkages and chains that are only 
attached to the network at one end. Of these network defects the 
last is the only one that can be treated simply. Flory stated 
that starting with N primary uncross-linked molecules, (N-1) 
intermolecular linkages will be sufficient to produce a simple 
branched structure without closed loops. Additional cross-links 
would result in the formation of closed loops or network circuits. 
There would be one loop, or two network chains for each additional 
cross-linkage; it thus follows that 
-k = l2v - N 2 e (2.27) 
where ~v is the actual number of cross-links and ~v is the 
e 
number of effective or intrastructural cross-linkages and N is 
written for (N-1). The effective number of chains would be twice 
this quantity 
(2. 28) 
where M is the molecular weight of the primary molecules and 
M is the mean molecular weight of the chains. The effect of 
c 
the other network defects mentioned above is represented by a 
factor g and the final expression for the modulus is given as 
E' = (l - 2M /M) 
c 
( 2. 29) 
Young's modulus for a lightly cross-linked rubber in 
7 -2 the region of small extensions is in the order of 10 dynes cm 
It should be noted for the sake of completeness that at low 
temperatures rubbery polymers exist in the glassy-state where the 
thermal motions of the polymer chains are essentially frozen in. 
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Deformation of this state resembles the deformation of a 
crystalline lattice. Consequently the value of Young's modulus 
for the polymer in the glassy state will be higher than that 
for the polymer in the rubbery state and is in the order of 
10 -2 3 x 10 dynes cm • 
2.6 The Static Moduli of Crystalline Polymers from Molecular 
Considerations 
A number of attempts (61) (62) (63) have been made to 
calculate the modulus of elasticity along the chain axis of a 
polymer crystal by the use of force constants, bond lengths and 
bond angles. These earlier treatments however suffered since 
insufficient attention was given to the relation of the valence 
bond angle deformation to the applied force. Recently Treloar 
(64) (65) (66) has considered the calculations in more detaiL 
His calculations are based on the general equation for Young's 
modulus, 
E' = Ef_P._ 
dL7L 
(2.30) 
where A is the effective cross-sectional area of the chain 
calculated from the unit cell dimensions, F is the force acting 
along the chain axis and L and dL are the length and increase in 
length of the chain segment along the chain axis respectively. 
The chain length for a simple linear zig-zag polymer such as 
poly(ethylene) is given by 
L =' nl cos <P (2.31) 
where n is the number of valence bonds in the length under 
consideration, l is the bond length and <P the angle of 
inclination of each bond to the axis. The force acting along the 
bond direction is F cos ~ and the corresponding extension of 
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the bond is 
(2.32) 
where k1 is the force constant governing the separation of the two 
atoms at the bond extremities. The couple acting on each of the 
valence angles is equal to the moment of the applied force about 
the angular vertices and is tFl sin~ The change in each 
angle is therefore 
da = (Fl/2k ) sin~ 
a (2.33) 
where a is the valence angle and k the angular deformation constant. 
a 
Equation 2.33 can be expressed in terms of change in inclination 
since d<jl = - da/2 
dcp =- (Fl/4k) sin~ 
a 
(2.34) 
The change in length due to the action of the force is therefore 
dL = nd (1 cos cj:> ) = n (cos <fJ dl - 1 sin i:p d4> ) 
(2.35) 
Substituting Equations 2.33 and 2.34 into Equation 2.35 gives 
dL = n [ 
F (2.36) 
It can be shown that k = k 12 where k is the ratio of a 
a P P 
force f applied to a molecule at right angles to the bond length p 
to the displacement dl of the molecule. Equation 2.36 becomes p 
2 
+ st~2~ (2.37) dL = n[ cos 4> 
F kl p 
The longitudinal modulus E' of a polymer can be calculated by 
substituting Equations 2.31 and 2.34 (or 2.35) and the 
calculated effective cross-sectional area A into Equation 2.30. 
The theory has been extended to cover more complicated 
polymer chains where the atoms and hence the bond lengths and 
constants k1 and kp are dissimilar. Calculations show that the 
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crystalline Young's modulus is in the order of 10 dynes cm 
The magnitude of the crystalline modulus along the a 
and b chain axis has been calculated by Miyazawa and Kitagawa 
(67) for a pol~thYlen~ crystal by considering the Lennard-Jones 
(68) formula to describe the repulsive and attractive potentials 
I 10 between the molecules. The calculated moduli were E =5.7 x 10 
a 
-2 ' dynes cm. and Eb= 10 .· '-2 2.1 x 10 dynescm.which agreed closely with the 
experimental figures of Ita and Sakurada (69), 
-2 ' 8 10 -2 dynes cm. and Eb= 3. x 10 dynes cm • 
E'= 3.1 X 1010 
a 
2.7 The Moduli of Partially Crystalline Polymers 
The two approaches which have been made to the 
calculation of the modulus of partially crystalline polymers are 
discussed below. They are the molecular approach and the 
phenomenological approach. 
The Molecular Approach 
The statistical theory (55) (58) outlined in the previous 
section of this Chapter had been successful in treating the 
characteristic long-range elastic behaviour of rubber-like 
materials through consideration of the entropy loss of the 
network chains on deformation. It therefore seemed that an 
extension of this general approach might be used to calculate 
the modulus of partially crystalline polymers. Flory and his 
eo-workers (70) suggested that since the crystalline portions 
are rigid most of the strain accompanying deformation of a bulk 
sample would occur in the amorphous regions. It was further 
suggested that the crystallites acted in a similar way to the 
cross-links in the vulcanized rubber and that the rubber elasticity 
theory could thus be applied to partially crystalline polymer 
networks, provided that the number of effective network chains 
25. 
in the partially crystalline polymer could be calculated. 
However, as this calculation was not possible Flory and his eo-
workers interspersed non-crystallizable co-monomer units 
randomly along the chain in order to subdivide the molecule into 
crystallizable units and provide the necessary statistically 
computed information on the sequence distribution of the 'crystallite 
cross-links' • 
Nielsen and Stockton (71) also attempted to calculate 
the modulus of partially crystalline polymers using the rubber 
elasticity theory. They considered a further modification to 
the Gaussian network, namely a correction for the filler action 
of the crystallites. 
Both theories were found to have one important short-
coming in that the calculated values of the moduli were lower 
than the experimentally determined values. The Nielsen and 
Stockton theory showed slightly better agreement with the 
experimental data than did the Flory theory. The deficiency 
is not surprising if one assumes that the chains are in their 
unperturbed conformations when the crystalline regions are 
introduced. It can then be shown that the remaining amorphous 
chain sections become constrained as crystallization proceeds. 
Clearly this constraint of the amorphous chains was not 
considered in the above theories and it would explain why 
the experimentally observed moduli were higher than the 
calculated moduli. 
Krigbaum, Roe and Smith (72) suggested that the 
amorphous chains were under a constraint and stated that the 
distribution of conformations in such a system of chains near 
their fully extended lengths could not be described by Gaussian 
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statistics. They presented calculations of the moduli of 
partially crystalline polymers which gave better agreement with 
the experimental data using inverse Langevin statistics. The 
theory is based on the calculation of the free energy change" 
~A of the sample when it is stretched uniaxially by a factor 
l. The sample is considered as a unit volume cube of partially 
crystalline polymer with small crystallites embedded in it which 
are connected by v amorphous chains, each of which consists oft 
statistical links. The force F necessary to maintain the 
extension and the Young's modulus E' are given by the relations 
F = o ~~~ all T p, (2 .)8) 
, ( aal (2.39) E = lim K" 
1~ 1 p,T 
The change in free energy /!.A is calculated from the relation 
~ Ll = - T 1 (~~~0 )v sin <P dtP (2 .40) 
0 
where S and S are the entropies of the constrained and 
0 
unconstrained chains respectively and~ is the angle between 
the end-to-end vector of the amorphous chains and the 
stretching direction. When the values S and S are computed, 
0 
substituted in Equation 2.40 and differentiated with respect 
to a, the approximate value of the modulus is given by 
E' = ,eRT M 
c 
(2.41) 
where f, R and T have their usual values, Mc is the molecular 
weight of a statistical segment, Z and B are constants and X 
is the degree of crystallinity. Since Z and B are constants in 
Equation 2.41 E' is proportional to 1/(1-X) at a given temperature. 
The moduli of partially crystalline polymers have 
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been calculated by the latter theory and compared with the 
experimental data of a number of partially crystalline poly-
(ethylenes) (72). The agreement with the experimental data is 
better than that shown by the Flory and Nielsen and Stockton 
theories. 
The Phenomenological Approach 
Takayanagi (73) and his eo-workers (74) (75) have 
developed a theory to account for the value of Young's modulus 
which is exhibited by partially crystalline polymers based on 
a phenomenological model. The model represents the structure 
of the partially crystalline polymer, being divided into non-
crystalline and crystalline sections. It is shown as a square 
with a portion A of its area blocked out Fig. 2.8 (A). The area 
of the remaining portion C represents the volume of the crystalline 
regions E and the area A represents the volume of the amorphous 
c 
regions E . As the percentage crystallinity decreases area A 
a 
will increase until it occupies the whole model and the overall 
modulus would then be the amorphous or rubber modulus (107 dynes 
-2) cm. • Conversely, with an increase in crystallinity the overall 
modulus would eventually be that of the crystalline region (in 
the order of 1012 dynes -2) cm, • The viscoelastic behaviour of the 
model is defined by the mechanical coupling of the crystalline 
and amorphous regions and is calculated in terms of the overall 
* complex modulus E , the complex moduli of the crystalline and 
* * amorphous phases E 
c 
and E respectively and the volume fraction 
a 
V of the amorphous region. The amorphous and crystalline 
a 
coupling is in turn defined by the parallel -parameter and 
the series cp -parameter, such that V a; Fig.2.8 (B) 
shows how Model A can be represented by an equivalent Model B. 
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Model B is seen to be more suitable than Model C in this Figure 
to represent the mechanical coupling of the crystalline and 
amorphous regions (74) since in Model B the strain of the parallel 
A and C elements is equal. According to Fig. 2.8 (B) the overall 
modulus is expressed as 
where 
and 
* E = 1 
* * ).E +(1-.II)E + 
a c 
~ = (2 + 3 V )/5 
c 
~= 5 V /(2 + 3V) 
a c 
1-iJi 
E 
c 
* 
where V is the volume fraction of the amorphous region. 
a 
(2. 42) 
(2.43) 
(2.44) 
Equation 2.42 has been shown to give an overall 
modulus for partially crystalline polymers that is in good 
agreement with the experimental data. 
2.8 The Mechanical Relaxation Theory 
The real viscoelasticity exhibited by polymers,i.e. the 
deviation from the single relaxation time models as defined by 
Equations 2.10 and 2.11 in Section 2.3 of this Chapter, has been 
interpreted by a number of theories. Perhaps the most celebrated 
theory accounting for the distribution of relaxation times and 
hence the relaxation spectrum is that proposed by Rouse (34) and 
Bueche (35). 
In order to calculate the linear viscoelastic response 
of dilute polymer solutions to a sinusoidal driving force, Rouse 
considered a polymer model consisting of a number of beads which 
were interconnected by elastic springs. Each spring and bead 
unit represented a molecular portion of the chain, long enough 
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for its end-to-end separation to be defined by a Gaussian 
probability function. The simultaneous motion of the molecular 
portions under stress was described by a series of co-operative 
modes p. Each mode represented a motion away from a given 
instantaneous configuration and thus corresponded to a single 
discrete contribution to the relaxation spectrum, since each 
mode was governed by a discrete relaxation time 1' p" The 
results were expressed in terms of the relaxation spectrum H 
H = nkT \ r & (r - r ) L P P (2.11-5) 
TP= ~ 2if 
where 0 is the Dirac delta, n is the number of molecules per cc, 
N is the finite limit of p, f is the friction co-efficient, s 
0 0 
is thernomomeric friction coefficient, a is a geometric parameter 
and IS and Z are functions of the root mean square end-to-end 
distance of the entire molecule. Thus a line spectrum is 
predicted in which each contribution to the modulus has the 
magnitude nkT and the relaxation times become progressively 
closer at shorter times. Equations 2.10 and 2.11 in Section 2.3 
of this Chapter are now written as 
E'( W ) = E
0
+ ! 00[Ht.l 2 7' 2/(l + W 2 7' 2 )]dln7'(2.47) 
E"(w) = 
-"' !"" [H wr /(1 +Q 2 '( 2 )]dln1 
""' 
(2.48) 
The theory assumed no hydrodynamic action between the 
motions of the molecular portions and no intramolecular friction. 
Zimm (76) and Bueche modified the theory in order to account 
for the first and second assumptions respectively, so that 
Equations 2.45 and 2.46 became 
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-3 ·2 -1 0 1 2 3 
H = ( fkT/M) 
and 
- 7' ) p (2.49) 
(2.50) 
where !' , k and T have their usual values and M and ~ are 
the molecular weight and steady state viscosity respectively. 
The theory appears to give good agreement with the 
experimentally observed data at low stressing frequencies. 
With an increase in stressing frequency the agreement progressively 
worsens because of the inability of the segments to attain random 
Gaussian configurations within the stressing time. Fig.2.9 
shows a comparison of the theoretical Rouse-Bueche relaxation 
spectrum with some experimental data in which the loss modulus 
E11 is plotted as a firs:t approximation to the relaxation spectrum 
H (44) for both a rubber and a partially crystalline polymer. 
2.9 The Dielectric Relaxation Theory 
The general Equations 2.12 and 2.13 given in Section 
2.3 of this Chapter cover the response of a simple model with a 
single relaxation time r to a sinusoidal strain of angular 
frequency w It has already been stated that the rearrangements 
of polymer chains under stress involve a distribution of 
relaxation times. This results in the experimentally determined 
curves of e' and e. 11 against log 6:> showing deviation from the 
curves predicted by Equations 2.12 and 2.13, Fig. 2.6. The 
dielectric permittivity curve is usually flatter and extends 
over a wider frequency range and the dielectric loss curve 
]'->., 
usually, has a smaller maximum absorption,( ( t. 1
0
- t'., )/2 
predicted by Equation 2.13. However the curves are still 
symmetrical. 
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For such a distribution of relaxation times Equations 
2.12 and 2.13 are extended to (77) 
(2.51) 
and (2.52) 
where G (r) is the distribution function of the relaxation times 
and G ( '1' )d 7 is the fraction of the molecules associated with 
relaxation times between 7' and 7' + d7 at any given instant. 
Fuoss and Kirkwood (78) showed that the broad 
distributions in polymers could be fitted by the expression 
£" 
w 
/ £" ~ sech (~lnwr' ) 
m av 
(2.53) 
where ~ measured the breadth of the distribution, being unity for 
a single relaxation time and zero for an infinitely broad 
distribution of relaxation times. e'~ is the dielectric loss at 
frequency w, e" is the maximum value of £';., and 7' 1 is the 
m av 
most probable relaxation time defined as 1/W where W is the 
m m 
angular frequency at maximum loss. 
~ 
Recently Haviliak and Negami (79) have analysed the 
' 
complex dielectric behaviour of a number of polymers by the 
following equation 
l 
(2.54) 
where a and ~ are parameters measuring the breadth of the 
distributions, being zero and unity respectively for a single 
relaxation time. Complex dielectric constants calculated with 
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Equation 2.54 have been found to be in excellent agreement with 
experimental data. 
The strength ( E1 - E1 0 00 ) of the dielectric dispersion 
is given directly from the Onsager equation (80) 
( £ I -
0 
I ( foo + 2 )2 ] 
[ E~o --;o;---::--r--:--:----
2 £ o + Eoo 
(2.55) 
where N is the number of dipoles per cc and _;U- the dipole 
moment. T and k have their usual significance. Thus it is seen 
that the dielectric dispersion strength is proportional to the 
square of the dipole moment of the unit causing the dispersion. 
The dielectric dispersions in polymers are dependent 
on the number and magnitude of the molecular processes causing 
the dispersion. Since the number and identity of the entities 
involved are known, a technique which is more precise than the 
corresponding dynamic mechanical method may be evolved to 
examine the relaxation processes. The technique has also been 
used to study the conformation of polymer chains by dipole moments 
(81) (82) 
calculated from the measured dispersion strength/. Fielding-Russell 
and Wetton (83) have used the Onsager mixing equation (80) to 
study the crystallization of a partially crystalline polymer 
by the following considerations. 
The Onsager mixing equation is written 
<P (£1-n 2)3c: I 
1 1 + <P2 C E 
1
-n2
2 )3E 1 
2~~+n22 = 3kT 3kT 
(2.56) 
where ~land ~2 are the volume fractions of components 1 and 2, 
* )k is the effective value of the dipole moment in the medium 
and N1 and N2 are the number of dipoles per cc of components 1 and 2. 
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The different components in this case are the amorphous and 
crystalline phases, subscripts 1 and 2 respectively. Equation 
2.56 was simplified by using the assumptions below to 
( E 1 -n2 )(2 f. l+n2) 41i Nl,<to 
2 
; (2.57) 
e1 (n2+n2)2 9kT 
(i) 2 2 2 ( [IX> 2.55 from a previous low n ; n2 ; n ; ; 1 
temperature measurement at the frequency of measurement). 
* (ii) ~ 2 ; 0, since the crystalline chains are considered 
immobile. 
(iii) ).l * ; c 1 (n2 +2) )A. ;(2 e 1 +n2 ) for amorphous values ( 80). 1 0 
Thus, if the number of orientable dipoles per cc is 
( 0) ( "' calculated before N1 and after N1 ) crystallization, 
in terms of ~02 , from the dielectric permittivity values before 
and after crystallization, the percentage crystallinity X is 
calculated from 
(2.58) 
if ~0 is assumed to be constant. 
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FIG 2.10 
C. PARTIALLY CRYSTALLINE POLYMERS 
2.10 Early Concepts of Polymer Crystallization 
As early as the late 1920's polymers had been 
shown by X-ray diffraction to have crystalline features. 
The Bragg reflections were considerably broader and more 
diffuse than those obtained from non-polymeric crystalline 
material. Diffraction theory at that time suggested that 
the broadening could arise from either small crystallites or 
the presence of lattice defects. Although the theory 
permitted discrimination between the two possibilities lack 
of clarity in the polymer diffraction patterns did not allow 
the discrimination to be made. Historically the hypothesis 
of small crystallite size was selected as the most probable 
explanation of the broadening·~. 
The measured broadening corresponded to crystal 
dimensions of about 200A, which was approximately the length 
the polymer molecules were assumed to be at that time. 
Acceptance of the fact that polymer molecules were much longer 
than a few hundred angstroms led to the theory that polymer 
crystallization occurred by precise alignment of neighbouring 
segments of the polymer chains to give crystallites. The 
crystallites were considered to grow in the direction of the 
molecular axis as well as laterally by·the addition of 
segments from other molecules. The structure was therefore 
well defined by two phases: a fairly regular crystalline phase 
and a disordered amorphous phase. The individual chains 
were assumed to range from one crystalline region to another, 
passing through amorphous regions. The resulting model came to 
be known as the 'fringed micelle' model Fig.2.10. 
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The concept, first advanced in 1930 by Hermann, 
Gerngross and Abitz (84) and later by Kratky and Mark (85) 
enjoyed popularity for many years, largely because it provided 
a logical model for the simple interpretation of the degree of 
crystallinity in terms of the percentage of well-defined 
crystalline and amorphous regions. Also it explained the strong 
bonding of the crystalline and amorphous regions, by the 
physical cross-linking of the crystallites, into a composite 
structure of good mechanical properties, However the theory 
tended to overlook details of fine structure and showed little 
understanding of large entities such as spherulites. 
2.11 The Morphology of Polymers Crystallized from the Melt 
The existence of polymer aggregates on a larger scale 
than that implied by the fring<rl. micelle' theory was first 
realized by the discovery of spherulitic structures (86). The 
crystallites must therefore have organised themselves to form 
the larger spheruli tic groups. When observed by the polarizing 
microscope the spherulites appeared as circular birefringent 
areas possessing a characteristic dark Maltese cross with arms 
parallel with and perpendicular to the direction of 
polarization of the incident light when viewed between crossed 
Nicols. The fine structure of spherulites was largely determined 
by the work of Keller (87) who showed that the crystallites or 
lamellae radiated spherically from a central crystallization 
nucleus with the molecular chains of the lamellae at right 
angles to the radial units and hence tangential to the 
spherulite surface. 
Further extinction was seen to occur (88) (89) when 
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the spherulites were viewed with the polarizing microscope. The 
spherulites were either distorted by a zig-zag pattern or showed 
concentric dark rings. The zig-zag pattern was thought to be 
caused by the lamellae describing a vibration path and the 
concentric dark rings to be the result of lamellar twisting. 
2.12 Chain Folding 
The examination of a number of polymer single crystals 
obtained from dilute solution by electron defraction and by low 
angle X-ray diffraction has revealed that the polymer molecules 
are arranged with their molecular axes perpendicular to the crystal 
layers, the thickness of which is in the order of lOOA. Since the 
length of polymer molecules is at least lOOOA, whereas the thickness 
of the crystal layers is only lOOA, chain folding is thought to 
take place (90). 
It is evident from the above studies of polymer 
crystals (and polymer spherulites) that the 'fringed micelle' 
model of polymer crystallization is now inadequate. The apparent 
deficiencies of the model are illustrated further by comparing 
it with two recent chain folded models of polymer crystallization 
in the light of density measurements by Kawai and Keller (91) 
on poly(ethylene) single crystals. 
First consider the three models for comparison: 
(i) The Fringed Micelle or Bundlelike Model, Fig.2.ll(A). 
As described previously a single polymer chain extends 
through the crystal out into the amorphous regions. 
The density of the crystal plus interface would be 
below the x-ray crystal density. 
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(ii) The Random Re-entry or Switchboard Model, Fig.2.ll(B). 
A model proposed by Flory (92) consisting of random 
re-entry of the molecular chains back into the crystal 
by chain folding. The observed crystal density would 
be lower than the X-ray crystal density. 
(iii) The Adjacent Re-entry Model (a) Smooth Surface, Fig.2.ll (Ci). 
In this model (93) the chains re-enter the crystal in the 
closest possible position by sharp folding. The sensity 
of the crystal would be almost equal to the X-ray crystal 
density. 
(b) Rough Surface, Fig.2.ll(Cii). An extension of the 
above model to include possible large variations in the 
fold period (93). The density of the single crystal 
would fall slightly below the ~ray density. 
The density measurements of Kawai and Keller, 
mentioned above, indicated that the observed single crystal 
density measured pyknometrically for poly(ethylene) single crystals 
is in close agreement with the X-ray unit cell density. This 
close agreement provides evidence of the suitability of the 
adjacent re-entry chain fold model for polymer crystallization. 
2.13 Recent Concepts of Polymer Crystallization 
At the present moment only two theories have been 
developed to such a stage that comparison may be made with 
experimental results, although no differentiation is possible. 
The first theory is the Surface Nucleation Theory of 
Price (94) and Hoffman and Lauri tzen· (95) (96) which is based 
on a kinetic approach and the second theory is the 
Thermodynamic Equilibrium Theory of Peterlin, Fischer and 
38. 
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The Surface Nucleation Theory 
The theory presents an essentially kinetic approach 
to polymer crystallization, since the crystallization does not 
occur at equilibrium conditions ~ the lamellae are not at a 
minimum with respect to the total surface free energy, when they 
are initially laid down. The observation of lamellar thickening 
(lOO) will serve to illustrate this non-equilibrium condition. 
Consider a model of a surface nucleus with chain 
folds Fig.2.12 where the growth rate is proportional to the rate 
of nucleation. Let the constant monomolecular layer thickness 
be b
0 
and the fold length be l. Let a be the width of the 
0 
molecules in the direction of growth A. The lateral surface 
free energy of the polymer is (J' and the end surface free energy 
is 0'" • Since work is required to fold the chains <:J' is 
e e 
greater than <> The free energy of formation of a single 
surface nucleus is given by 
=2b la- + 2b a 
0 0 
er - ab 1 
e o 
t. G (2. 59) 
V 
where the first and second terms on the right hand side of 
Equation 2.59 are the work to form two lb and two ab sides 
0 0 
respectively. The quantity -ab l ~ G is the volume term for 
0 V 
the free energy of crystallization: ab l is the volume and 
0 
D G is the bulk free energy difference between the supercooled 
V 
liquid and the crystal. 
Equation 2.59 is analysed for a specific value of l 
which will enable a stable chain-folded nucleus to be laid 
down in the direction of growth, The results are summarized in 
39. 
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Fig.2.13. When 1 ; 2 er / !> G is chosen, the quantity 6 ij:l 
e v 
rises and at A/a ;1 it maintains a constant positive value, 
0 
This means that no matter how large a surface nucleus of the 
given length b.ecomes in the A direction, it will never be stable 
and will not lead to growth. When 1 is very long, the barrier 
height at A/a ; l also increases and prevents the formation of 
0 
a stable surface nucleus. When 1 ( 2 e> / Li G stable nuclei 
e v , 
again cannot be formed, since A4> rises 
Thus it is seen that the critical value 
continuously with A/a • 
0 
* of l ( = l ) is g 
intermediate between 1 1> 2 <S / LlG and l ; 2 <> / i3G , ~ e v e v 
B.r summing the forward and backward reactions, the critical 
1 value giving the maximum growth rate in the G direction is 
found to be (95) 
or 
since 
* 2a-l ; e 
g AG 
V 
AG; 
V 
+~ 
bcr" 
0 
+ ~ 
~ 
0 
(2.60) 
(2.61) 
(2.62) 
where ll Hf is the heat of fusion, tJ. T the degree of super-
cooling and T the equilibrium melting point. Equation 2.62 
m 
is derived from L\ G; C.H- TC,.S being treated as 
The value of 1 g 
* 
increases with rising temperatures because of the dominance of 
the 1/ 4T term. 
* A steady growth rate corresponding to 1 is given g 
by the Turnbull and Fisher treatment (101) for the rate of 
* formation of nuclei n of a critical size 
lfo. 
* n (2.63) 
where N is Avagadro 1s number, k is Boltzmann's constant, h is 
Plank's constant, T is ccthe absolute temperature,L}F. is the 
l 
* free energy activation of the process and ~<)> is the work 
to form the surface nucleus of critical size. Since the growth 
rate G is considered to be proportional to the rate of surface 
nucleation it can be shown that_4b ~ ~ T 
G ; G e 
0 
e 
o em 
by considering Equations 2.59, 2.61 and 2.63. 
(2.64) 
The AF. term in the original Turnbull and Fisher 
l 
derivation represented the barrier opposing the motion of a 
particle through the short distance from the supercooled liquid 
to a site on the nucleus. The direct analogue of this in a 
polymer would be the barrier to the laying down of segments in 
the 1 direction and also the barrier to the chain fold process 
(102). The latter is considered to be more important and is 
shown as AF. diagramatically in Fig.2.13. Hoffman and Weeks 
J. 
(103) considered the A F. term was insufficient in the overall 
J. 
transport of long molecules to the growing crystal boundary. 
They proposed that a segmental jump rate of the polymer 
molecule in the supercooled melt was involved in the overall 
transport process. It was considered that whilst one part 
of the polymer molecule was on the growing boundary the 
rest of the molecule was in the supercooled melt, and in order 
to get further molecules onto the surface to crystallize, a 
'reeling-in' process of the molecules through the melt had to 
41. 
take place. This process was controlled by the jump rate. 
~4b tT er T 
Equation 2.64 was modified to give 
-( IIF;+AF) 
1. V o e m 
G = G e 
0 
RT 
e 
AHf( M)kT 
(2.65) 
where ilF is a temperature-dependent free energy of activation 
V 
of the 'reeling-in' process from viscosity considerations. 
Experimental evidence has shown earlier (Section 
2.12) that the adjacent re-entry model is preferred. It is 
now relevant to show why the above model is preferred to the 
'switchboard' and bundlelike models of crystallization in 
relation to the Surface Nucleation Theory. The experimentally 
observed phenomena of interlamellar links, lamellar thickening 
and twisting must also be discussed. 
The rate of nucleation of bundlelike structures can 
be calculated (96) and results in a similar expression to 
Equation 2.65 except that er represents the end surface free 
e 
energy of a bundle, CT" (bundle). Thus to a 
e 
approximation 
G (fold) = e 
G (bundle) 
4b tT T [ (J" (bundle)- a- ] 
o m e e 
t> Hf( 6 T)kT 
sufficient 
(2.66) 
Note that <J"' represents the end surface free energy of the 
e 
adjacent fold model. A similar expression in which switchboard 
replaces bundle may also be constructed. Equation 2.66 states 
that crystals with a low end surface free energy grow faster 
than those with a high CT" value. Thus from the kinetic nucleation 
e 
point of view the conditions that will lead to a strong 
prevalence of the fairly regular chain-folded structure are 
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G (bundle) ) <S 
e e 
<Se (switchboard) ) IS 
e 
(2.67) 
(2. 68) 
Good theoretical reasons exist to suggest that the 
inequalities 2.67 and 2.68 are justified (93). To show this it 
is necessary to make theoretical estimates of C , 
e 
rS (bundle) 
e 
and a (switchboard). First to be considered is the work 
e 
required to form a regularly chain-folded surface which is given 
by (95) (96) 
0" ~ q/2A 
e o 
(2.69) 
where q is the work required to fold a polymer back on itself 
and A is the cross-sectional area of a polymer chain. An 
0 
important contribution to q is the twisting of transfigurations 
into the gauche configuration, in order that the chain can bend 
back on itself. Frank and Tosi (102) and others have suggested 
five gauche bonds are sufficient in the case of poly(ethylene) 
to form a chain fold and have estimated that IS is between 
e 
-2 57 and 85 ergs cm Experimental methods reveal a value of 
57 +_ 5 -2 cr- ~ ergs cm e 
The theoretical estimations of IS (bundle) and 
e 
er (switchboard) are by no means as rigorous as the above 
e 
treatment for er . The main feature distinguishing the bundle 
e 
and switchboard models from the regularly chain-folded model 
is the interface between the crystal and the supercooled liquid. 
The length of the path from the crystal to the supercooled 
liquid, as defined by changes of density, heat content and 
entropy along this path, is used to estimate values of er 
e 
(bundle) and er (switchboard). Estimated values are in the 
e 
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-2 
order of~ (bundle)= 100 ergs cm. and er (switchboard) 
e e 
-2 
= 110 ergs cm ~e (switchboard) ) er (bundle), since 
e 
the switchboard model contains by definition a large 
diffuse boundary phase. 
The above reasoning has been proposed to indicate that 
the surface nucleation model with adjacent re-entry is the 
preferred model of polymer crystallizatioh. 
The surface nucleation model leads in a natural way 
to the existence of interlamellar links, which have now been 
observed by electron microscopy (104). The growing faces of 
two different lamellae within the spherulite can undergo 
nucleation from different parts of the same polymer chain, which 
then acts as a tie molecule between the two lamellae and is 
difficult to remove. It is suggested (93) that at given growth 
temperatures the number of interlamellar links increases 
with molecular weight. It is further suggested that at a given 
molecular weight the lower the crystallization temperature, the 
greater the number of interlamellar links formed. The effect of 
interlamellar links should not be ignored when analysing dynamic 
responses, since the links can be imagined to exert a 
restoring force to an external shear force for example. 
The surface nucleation theory predicts that a crystal 
* of thickness lg: should melt quite close to its crystallization 
temperature. However it is generally observed that bulk 
crystallized polymersmelt well above their crystallization 
temperature. This apparent deficiency in the theory can be 
explained if lamellar thickening occurs. Such thickening 
has been observed for polymers stored at their crystallization 
44. 
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temperature after their initial formation (100). The theory 
of lamellar thickening is due largely to Hirai et al.(l05), 
Lauritzen (106) and Weeks (107) and is summarized by considering 
a constant volume lamellar crystal with dimensions a, b and 1, 
where a ~ b. The total surface free energy will be a minimum 
when 1/ a ~ <re/ (T • Since IS" e >I a- the equilibrium shape of the 
lamellar will tend to thicken in the direction perpendicular 
to the surfaces containing the folds. Starting with a thin 
lamella a thermodynamic driving force therefore causes the 
crystal to thicken in the L direction. An analysis of lamellar 
thickening reveals that the lamella thickness of aged crystals 
is up to 5 times the thickness of 1 *· g 
The experimentally observed fact which remains to be 
discussed in this theory is that of lamellar twisting. As 
mentioned previously in this Chapter (Section 2.11) spherulites 
are observed to have dark concentric rings when viewed by a 
po1arizing microscope. The rings are thought to be caused by 
the lamellae twisting as they radiate from the nucleus of the 
spherulite. It is suggested (96) that the twisting arises 
from stresses set up in the plane of the chain folds. The 
polymer chains are arranged for example in some definite, 
unperturbed hexagonal pattern within the crystal. This requires 
that the chain folds locate with the coordinates of the 
structure with minimum energy. However this will rarely be 
the case, since the minimum energy distance of the folds will 
normally not coincide with the chain lattice. The result is 
an anisotropic surface stress, which increases the free 
energy of the crystal. In order to minimize the total free 
energy of the system, deformation of the fold and of the chain 
orientations will take place, resulting in a slight lamella 
twist. 
Hoffman and Lauritzen (96) proposed that a lamella of 
fold surface dimensions x and t, will twist when the surface 
stress is given by 
F ) (2. 70) 
where G is the appropriate shear modulus and 1 is the lamella 
thickness. The derivation of Equation 2.70 is not clear; 
however it appears to resemble the equation for the critical 
stress required to buckle a thin rectangular plate (108), 
= K Gl2 
x2 
(2.71) 
2 2 
where K = ~ ~ /12(1-~ ). ~ is a function of the dimensions 
and }I- is Poisson' s ratio. Equation 2. 70 would be expected to 
resemble the equation describing the critical stress required 
to twist a thin rectangular plate (108), 
Fcrit = K' 
2 
X 
G212 
(2. 72) 
where K' = E'cr" /12, E' is Young's modulus and IS is the unit 
shear stress. 
The author would like to suggest an expression for 
the surface stress causing twisting, based on the general modulus 
equation G = (F/A)/(dl/1) when the terms are as defined in 
Equation 2.30. The shear modulus is thus written 
G = F/xt 
-!ix/1 
(2.73) 
where xt is the small ideal area re'quired for the chain to fold 
back on itself and ~x is considered the least distance a fold 
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would have to travel along the surface,i.e. deform, for the 
minimum energy requirement. The surface stress is given by 
Equation 2.74 predicts that F will decrease as l increases and 
since l increases with an increase in the crystallization 
temperature, it follows that F should also decrease with an increase 
in the crystallization temperature. It also follows that chain 
twisting should decrease with an increase in the crystallization 
temperature. This has been shown to be true experimentally (109), 
since it is found that spherulite ring spacing increases with an 
increase in the crystallization temperature, i.e. the number of 
twists per unit length decreases as the crystallization temperature 
increases. 
The results of the kinetic surface nucleation theory 
have been compared with the experimental results (93) of two polymers, 
poly(ethylene) and poly(chlorotrifluoroethylene), which form 
typical lamellar structures. The theory shows good agreement 
with experimentally observed facts, and a summary of the 
agreements and predictions is given below. 
(i) The theory predicts the predominance of fairly 
(ii) 
(iii) 
regularly chain-folded crystals. 
The shape of the curve describing the increase of 1 * g 
with rising crystallization temperature is predicted 
and is in agreement with the experimentally determined 
curve. 
The thickening of the chain-folded lamellar explains 
why the melting point of aged crystals is above their 
crystallization temperature. 
(iv) The existence of intermolecular links and lamellar 
twisting is recognised. 
The Thermodynamic Equilibrium Theory 
Peterlin, Fischer and Reinhold (97) (98) (99) 
attempted to calculate the free energy of a polymer chain in a lattice 
in terms of its length and inter- and intramolecular forces. 
They stated that crystals with folded polymer chains are only 
* thermodynamically stable at one well defined thickness L (lg 
in the previous theory), Thinner or thicker crystals would 
possess a higher free energy density (free energy per backbone 
atom) making their formation less probable. 
The minimum free energy is the consequence of two 
opposing effects. Minimum surface energy contributions favour 
infinitely thick crystals, whereas chain oscillations cause a 
reduction of the lattice potential energy field and hence an 
increase in the free energy density of the crystal. Since it 
is found that the chain motion increases proportionally with L, 
the corresponding increase in free energy density that would 
occur with an increase in L opposes the growth of infinitely 
thick crystals. In their earlier paper (97) Peterlin and 
Fischer considered that only longitudinal chain vibrations 
reduced the lattice potential energy field. The theory has 
since been modified (99) to include the role of rotational or 
torsional oscillations of the polymer chains around the chain 
axis, which are considered to be more important (110). 
The basis of the theory can therefore be summarized 
as follows: the reduction of the· lattice potential field by the 
random thermal oscillations of polymer chains yields a term 
increasing with N (the number of monomer units) while the term 
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for surface energy decreases with N, thus yielding a minimum 
* of free energy density at finite N corresponding to a 
thermodynamically stable crystal. 
The frequency and amplitude of torsional oscillations 
of molecular chains in the crystal lattice depend on the single 
covalent bonds of the polymer chains and on the Van der Waal 
interchain forces. The forces within the chain itself, i.e. 
the potential energy required to oscillate a neighbouring pair 
of CH2 groups, may be written as (110) 
A1 = e(R . /R)12-2e(R . /R)6 /-~ mln mln (2.75) 
where R is the distance between the neighbouring CH2 groups 
and R . the separation when the potential energy is a minimum, 
m1n 
i,e .R =\tin and)'- = - e a constant. 
In order to simplify the theory, the zig-zag structure 
of polymers such as poly(ethylene) ,has been approximated to two 
infinite parallel lines separated by a distance 2r=0.88A (lll) 
exhibiting a continuous mass density. By neglecting end effects 
of the model and by noting that the potential energy decreases 
rapidly with distance (Equation 2.75) it is in order to 
consider only the six nearest neighbours in the polymer lattice 
Fig.2.14. For such a model 
fi +oo W = J-<.dz = ij,r .53 
-oo 
12 0.306eR . 
m1n 
6 0.93leR . 
m1n (2.76) 
where W.. is the contribution to the potential energy per lJ,r 
2.35A repeat distance along one of the central molecular lines 
i, from an infinite neighbouring line j, situated at distance 
S z is the coordinate along the chain and R2= S.~ + z2 • ij, lJ 
The distance S .. will vary with the angles of inclination, ~ 4 lJ ~ 
and ~ j' of the molecules with the line connecting both 
molecules in the a, b plane and is given by 
Sij = Bij + 0.44A (cos~ j - cos~ i) (2.77) 
where Bij is the lattice distance between the corresponding 
molecular axis and o.44A is the distance of one of the lines from 
its molecular axis. 
The total lattice potential U (~) of a given infinite 
molecular line in a molecule orientated at an angle ~ with the 
a axis is given by the sum of the contributions of the six 
neighbouring molecules. Peterlin et al. (99) using the constants 
measured by Cole and Holmes(ll2) at various temperatures, the 
~ angle measured by Bunn (III) and a value of e determined from 
the heat of sublimation for paraffins, obtained a set of 
equations for the lattice potential of poly(ethylene) at various 
temperatures. Mathematically these equations were condensed into 
a single complex equation for the free energy density per 
monomer unit, which predicted the stable length of the long 
period at given crystallization temperatures and allowed for the 
length of the long period to increase with increased crystallization 
temperature. 
The theory has been compared with experimental data 
for poly(ethylene) (99) (113) and appears to show reasonable 
agreement. An estimate of the end surface free energy ~e 
is in the same order as that estimated by the surface nucleation 
theory. However estimates of the long period of poly(ethylene) 
do not show such good agreement with the experimental data (107) 
as those of the fold length using the surface nucleation theory. 
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The thermodynamic equilibrium theory predicts that above a 
crystallization temperature of ll0°C for poly(ethylene) the 
crystals have no stable thickness but instead continually thicken 
when annealed or stored. This would agree with the findings of 
Fischer and Schmidt (100), who reported that the thickness of 
poly(ethylene) crystals increases with log time. However 
poly(ethylene) can be crystallized above ll0°C with a well 
defined fold period. This would suggest the superiority of the 
0 kinetic nucleation approach, at least above 110 C. 
It is also noted that the thermodynamic equilibrium 
theory mentions nothing of the overall growth direction of the 
lamellar crystals and moreover nothing requires the chains to 
0 fold through 180 • It is only suggested that after nucleation 
the crystals grow in the direction of the molecular axis until a 
minimum in the free energy is reached. Thendistortion of the 
molecules occurs, in order to decouple the motions of the 
segments in the crystal and the remainder of the molecule. 
Decoupling is presumably by folding. The theory does not 
specifically mention spherulite growth or the experimentally 
observed phenomena of twisting and interlamellar links. 
It appears therefore that the surface nucleation 
theory is in better agreement with the known data than is the 
thermodynamic equilibrium theory. 
51. 
CHAPTER III 
EXPERIMENTAL 
A. POLYMERS 
3.1 Polymers Measured 
The polymers measured were poly(ethylene oxide) and poly-
(tetramethylene oxide). The poly(ethylene oxide) was manufactured 
by the Union Carbide Chemicals Co. (U.S.A.) and donated by the 
National Physical Laboratory, Teddington. It was used in the 'as 
received' state. The poly(tetramethylene oxide), donated by Dr. 
D.Sims of the Ministry of Aviation, E.R.D.E., Waltham Abbey, was 
prepared by polymerizing tetrahydrofuran with phosphorus penta-
fluoride catalyst. Received in an unrecovered state the polymer 
was purified by dissolving in dry redistilled tetrahydrofuran under 
nitrogen and precipitating in water in order to destroy the catalyst 
ly~e 
and hydrogenate the chain ends. The purification process was 
repeated and the dried polymer was dissolved in alcohol and 
reprecipitated from solution at 0°C in order to remove any low 
molecular weight polymer. The polymer was then dissolved in pure 
benzene and freeze-dried. 
The poly(ethylene oxide) was stored in a sealed dry 
container at room temperature and the poly(tetramethylene oxide) 
was stored under nitrogen at about -5°C in order to suppress the 
reported monomer-polymer equilibrium at room temperature (114)(115 ). 
3.2 Determination of Molecular Weights 
The molecular weights of the polymers were measured by 
viscometry on dilute solutions of the polymers (c 0.25% w/v) at 
25°C using an Ubbelohde free-flow viscometer. Distilled water and 
pure benzene were used to make the dilute solutions of 
52. 
poly(ethylene oxide) and poly(tetramethylene oxide) respectively. 
Values of the intrinsic viscosity [ ~ ] were determined by plotting 
both the specific viscosity~s~c and the natural logarithm of the 
relative viscosity. (ln 1j r )/c against concentration c and extra-
polating to zero concentration. 
Molecular weights were determined using the relation 
[ 1'[ l = K'M a 
V 
(3.1) 
where M is the viscosity-average molecular weight and K1 and a 
V 
are constants. K' and a values are available in the literature for 
both polymers in their respective solutions and are listed in Table 
Table 3.1 
Polymer K' a Reference 
Poly(ethylene oxide) 1.25xl0-4 0.78 116 
Poly(tetramethylene oxide) l.94xlo-4 0.74 117 
3.3 Polymer Specimens for Relaxation Studies 
The moulding temperatures for poly(ethylene oxide) and 
poly(tetramethylene oxide) were 8S°C and 60°C respectively. These 
temperatures were considered to be sufficiently high above their 
crystalline melting points to permit the polymers to be easily 
moulded without causing thermal degradation. The moulding process 
was carried out as rapidly as possible, to minimize thermal 
degradation. 
Polymer specimens to be used in the dynamic mechanical 
apparatus were required in the form of small rectangular beams of 
the approximate dimensions lcm.x Scm.x 0.2 cm. These dimensions 
were achieved by the use of a simple and accurate collapsible 
53. 
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compression mould Fig. 3.1 (a), the body and pistons of which were 
made of dissimilar types of steel so that 'welding' would not occur 
at high pressures. The polished faces of the upper and lower pistons 
were covered with tin foil in order to stop the polymers sticking to 
these faces. A weighed amount of polymer, depending on the 
thickness of sample required, was introduced into the mould. The 
mould and contents were heated under slight pressure to the required 
temperature by the thermostatically controlled hot plates of an 
Apex hydraulic press. 2 The moulding pressure, about 150 kg/cm., and 
temperature were maintained for a limited time. The mould was then 
allowed to cool freely under a reduced pressure to room temperature. 
The polymer beam was removed from the mould by supporting the body of 
the mould and applying a slight pressure to the upper piston. In 
order to produce a mechanical sample with a thin copper strip down 
the centre of the polymer, a modification required for the measure-
ment of the mechanical properties of an amorphous sample, two thin 
(0.1 cm.) polymer beams were pre-moulded. One beam was then re-
-placed in the mould, the copper strip of slightly smaller 
dimensions placed above it and the second polymer placed above the 
copper. The laminate was then moulded in the usual way. 
Polymer specimens to be used in the low and high frequency 
dielectric apparatus were required in the form of circular discs 
of the approximate diameter 5.5 cm. In this case an accurate 
cylindrical mould Fig. 3.1 (b) was used. 
To produce beams of polymer "single crystals" for dynamic 
mechanical relaxation studies a modified moulding technique was used. 
Sufficient pressure was applied under vacuum to the mould and 
contents, a slurry of polymer single crystals in alcohol, at room 
temperature to produce a beam suitable for relaxation measurements. 
54. 
The polymer specimens produced from both the rectangular 
and cylindrical moulds were checked to ensure that their thickness 
over their length and perimeter did not vary more than 2-3%. 
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B. CRYSTALLIZATION STUDIES 
3.4 Introduction 
In any study where the properties of a series of morphol-
ogically dissimilar samples of semi-crystalline polymers are to be 
examined by more than one technique, it is imperative that the 
polymer crystallization characteristics should be thoroughly 
investigated beforehand. The purpose of such an investigation is 
twofold. Primarily it determines that the properties which are to 
be measured are in fact produced and secondly it allows for a· 
technique to be evolved so that these properties can be accurately 
reproduced for other investigational techniques. 
Two main characterisation techniques, crystallization 
kinetics by dilatometry and dielectric studies, were employed to 
examine the bulk crystallization of the polymers. The results of 
X-ray, photomicrographical and differential thermoanalytical 
measurements were also considered in conjunction with the above 
studies. The dilatometric and dielectric studies are reported 
below; the three remaining techniques are not reported except to 
state that the instruments used were 
(i) Phillips X-ray diffractometer. 
(ii) Leitz Dialux-Pol polarising microscope and Leica Ml 35mm. 
camera. 
(iii) Du Pant 900 differential thermal analyser. 
3.5 Dilatometry 
All the dilatometric data were obtained by measuring the 
change in specific volume of the polymers with time at constant 
temperature, using a dilatometer design described by Marks ( 118 ) 
and shown in Fig. 3.2. The stem of the dilatometer was made from 
0.5 mm.bore Veridia tubing and the polymer sample was sealed into 
the angled bulb by means of a thimble seal. The thimble seal 
prevents undue heating of the polymer specimens during the 'sealing-
in' process and the angling of the bulb prevents the polymer 
blocking the capillary when the polymer becomes mobile at elevated 
temperatures. 
The sealed poly(ethylene oxide) and poly(tetramethylene 
oxide) samples were made amorphous by holding the dilatometer bulbs 
at 80°C and 55°C for thirty minutes respectively. Throughout this 
work these conditions were taken as the model conditions for 
rendering amorphous any sample of poly(ethylene oxide) or poly(tetra-
methylene oxide). The dilatometers containing the amorphous polymers 
were rapidly transferred to constant temperature baths (better than 
~O.Ol°C) and the change in specific volume with time was obtained 
by observing the fall of mercury, the dilatometric fluid, in the 
stem of the dilatometer (Appendix A). The amorphous densities at 
the crystallization temperatures, required for the calculations 
were taken from the literature (119) (120 ). 
In this way a number of isotherms were obtained for the 
various crystallization temperatures. Moreover by studying 
photomicrographs of the polymers grown under similar temperature 
conditions information is already being obtained on the kinetics 
and morphology of crystallization. The results of the dilatometric 
runs are presented in Chapter IV. From these results the 
following conditions summari2Ed in Table 3.2 were chosen as 
the crystallization temperatures and crystallization times for 
all the polymer specimens used in the relaxation measurements. 
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Polymer 
Pol~ethylene oxide) 
Poly(tetramethylene 
oxide) 
Table 3.2 
Crystallization Crystallization Time (mins.) 
Temp. (°C) Primary Secondary 
53.7 lOO 
18.0 125 3,200 
23.5 1,400 10,000 
No dilatometric studies were made of samples crystallized 
at 0°C since the crystallization was too fast to follow 
dilatometrically, 
3.6 Dielectric·Studies 
The dielectric permittivity ~ 1 is sensitive to the number 
of orientable dipoles in a system. Since the number of orientable 
dipoles will be affected by crystallization it follows that dielectric 
crystallization studies allow a much fuller interpretation of polymer 
crystallization processes. A method and apparatus were designed to 
follow the dielectric permittivity of polymer samples through the 
crystallization process. 
The high frequency dielectric apparatus to be described in 
Section 3.12 was used to measure the dielectric permittivity at a 
single frequency. The permittivity cell was slightly modified in 
order to retain the polymer sample dimensions through the melting 
and crystallization rrocesses. This was achieved simply by fitting 
an insulated wooden annulus around the electrode system E1 and E2 , 
Fig. 3.10. The polymer sample was rendered amorphous 'in situ' by 
the pre-determined temperature treatment as described in Section 3.5. 
The cell and contents were then rapidly transferred to a constant 
temperature water bath,which was set at the required crystallization 
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temperature and the cell was connected to the Marconi apparatus. 
The dielectric permittivity was measured as crystallization proceeded. 
The percentage crystallinity X was calculated from 
X= lOO (3.2) 
0 00 
where N1 and N1 are the number of orientable dipoles/cc before 
and after crystallization. A detailed analysis of the method was 
given in Section 2.9, Chapter II and the results of these 
measurements at a single frequency of 1.4 MHZ are presented in 
Section 4.3, Chapter IV. 
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C. APPARATUS 
3.7 The Dynamic Mechanical Apparatus 
The vibrating reed apparatus(53)was designed to measure 
small mechanical dispersions in glassy state and crystalline 
polymers under vacuum conditions over a temperature range from 
0 
-196 C to the polymer glass transition temperature or the 
softening temperature at resonant frequencies in the order of 
lOO HZ. The apparatus was constructed so that three similar 
polymer specimens could be measured simultaneously. This provided 
a limited frequency coverage for specimens of a similar polymer if 
specimen thickness or length was varied. It also provided a check 
on results since specimens of the same polymer should have parallel 
results. Moreover, three different polymer samples could be 
measured simultaneously in the apparatus if required. It should 
be noted however, that when more than one polymer specimen is 
measured the resonant frequencies of each specimen must be outside 
the resonant frequency range of the other specimens involved in 
order to minimise interference. 
Each polymer sample, previously moulded into a small 
rectangular beam, was clamped in the apparatus at its upper end 
so that it could be stressed as a cantilever. Vibration of the 
polymer beam was excited by energizing a coil with a soft iron 
core adjacent to a small permanent magnet glued to the free end of 
the specimen. A diagram of the apparatus is shown in Fig. 3.3. 
The three polymer specimens S were each held at their upper ends 
by screw clamps E fitted with strong spring washers to maintain a 
fairly constant clamping pressure during expansion or contraction 
of the sample with temperature. The amplitudes of vibration of 
the samples were detected by small ceramic piezo-electric strain 
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transducers T which were clamped against the upper ends of the 
specimens. The three input leads to the coils C, the thermocouple 
A and the single output D from the transducers were taken out of 
the apparatus via two 3/16" i.d. copper tubes, the length of_~which 
(18") was great enough to maintain the vacuum seals at their 
extreme ends at room temperature. Only one lead from the liv.e 
side of the transducers was required as the coils were energized 
separately. Vacuum sealing was achieved by having a sleeve of 
thick-walled rubber tubing at the ends of the copper tubes and by 
clamping the bared wires at the point where they emerge from the 
copper tubing into the rubber sleeve. Care was taken to prevent 
crossing when there was more than one bare wire. Spacing was 
ensured by fitting a small rubber bung into the rubber sleeve to 
separate the wires before clamping. 
The detection or output side of the apparatus, made solely 
of brass, was mounted on the underside of a massive circular brass 
plate (6" diameter) which also held the following: two copper tubes 
in which the input and output leads and thermocouple were taken out 
and a third copper tube for evacuating the apparatus. The brass 
plate had a ground flange B which mated with the matching ground 
flange B' on a cylindrical brass cover. The two ground faces and a 
tin foil gasket were pulled together by twelve 2 B.A. Allen screws 
which passed through both flanges to a steel backing ring on the 
underside of the cover flange. This arrangement ensured that a 
-2 
vacuum of better than 10 mm.of mercury was achieved by continuous 
pumping with a N.G.N. diffusion pump, backed by a N.G.N. rotary 
vacuum pump, which reduced air damping and excluded water vapour. 
The excitation or input side of the apparatus was mounted 
on a circular brass platform ~which was in turn attached to the 
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underside of the massive circular plate by two brass pillars. The 
energizing coils C, each of about 40 ohms resistance, were bolted 
to a common brass mount and were adjustable in two dimensions. 
3.8 Operation of the Dynamic Mechanical Apparatus and the Treatment 
of Data. 
A block circuit diagram of the dynamic mechanical apparatus 
and its ancillary equipment is shown in Fig. 3.4. The alternating 
voltage to energize the coils was supplied by a Bruel and Kjear 
oscillator type 1017. The resultant movement of the sample caused 
the ceramic strain transducer to produce a voltage proportional to 
the amplitude of vibration. The voltage was measured on a Bruel 
and Kjear valve voltmeter type 2409 with a maximum sensitivity of 
3mV full scale deflection. The input signals to the coils and the 
output signals to the valve voltmeter were monitored on a Solartron 
double beam oscilloscope type CD 10142. 
The loss factor, tan& was calculated as (Appendix B) 
tan& = bf 
f 
0 
(3.3) 
where. f
0 
is the resonant frequency of the polymer beam and bf 
is the frequency difference between amplitudes, on either side of 
resonance, which have fallen to 1/ j2 of the resonant amplitude. 
By virtue of the separate linear incremental frequency tuning on 
the oscillator the half power width of the resonance curve can be 
+ 
measured accurately to -O.lHz. 
Young's modulus E' for the loaded specimens (because of 
the magnet) was calculated as (Appendix C) 
E'= 4ii2l 3fo 2 (l40~+33pxtl) 
35tjx 
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(3.4) 
where p is the density, 1 the length, t the thickness and .t the 
width of the sample. ML is the mass of the magnet attached to 
the free end of the sample. 
Young's modulus and the loss factor for the polymer 
coating of the laminated samples, which were required for the 
measurement of the amorphous properties of the polymers,were 
calculated from the following equations (121 
E[f.2 2hf J E I = 2! ( _.£.__ )( 1+ -..:L.::::) -1 
k f h D m mt~m 
E ·. 
tan o =1] (1 + _!!!) 
kE' 
) (Appendix D) 
(3.5) 
(3.6) 
where E , f , h and t> are the Young's modulus, resonant 
m m m 1 m 
frequency, thickness and density of the copper plate respectively. 
h and t> are the thickness and density of one polymer layer 
V I V 
respectively, f
0 
and 1j are the resonant frequency and effective 
loss of the composite laminate respectively and k is a function of 
3.9 Accuracy of the Dynamic Mechanical Measurements 
The study of the dynamic mechanical properties by 
vibrating reed techniquesis well known (122 ) ( 123). However, the 
vibrating reed apparatus described in Section 3.7 is original, 
because the free end of the polymer specimens is driven,and novel,· 
because of the transducer arrangement for detecting resonance. The 
apparatus is considered to be fundamentally more correct than a 
vibrating reed apparatus driven at the clamped end. In the latter 
apparatus considerable movement at the clamped end is unavoidable 
and a significant correction would have to be determined to allow 
for the movement beyond the measured length of the sample. 
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The work which has been carried out with the apparatus 
in order ~o determine the validity and accuracy of the measurements 
is reported elsewhere ( 53 ). It is sufficient to state here that: 
(i) An exact proportionality exists between the optically 
measured amplitude ofa vibrating reed specimen and 
the transducer output with increasing driving voltage, 
(ii) The construction of independent optical amplitude and 
transducer output resonance curves Fig.3.5 shows very 
close correspondence for the resonance frequency. 
(iii) The values of tan 0 calculated from both curves are 
identical within experimental error. 
(iv) Motion· of the vibrating reed is not affected by air 
-2 damping at the working vacuum of 10 mm.of mercury. 
(v) The standard error on absolute E' values is in the 
order of ~8% and the experimental accuracy of tano 
is 0.001 for regions of low dispersion. 
(vi) The ability of the apparatus to resolve and reproduce 
data in the region of small dispersions (tanO~ 0.05) 
has been established. Fig. 4.8, Section 4.4 of 
Chapter IV shows the mechanical loss factor plotted 
against temperature of a sample of poly(tetramethylene 
0 
oxide) crystallized at 23.5 C. Measurements were taken 
whilst the sample was being cooled and then whilst the 
sample was warming up from about -l25°C. The loss 
curves from each set of measurements are superimposible. 
It is important to note that the mounting of the small 
magnet on the polymer specimen should be done as in Fig. 3.6(a) 
and not as dn Fig.3.6(b). In the latter case an appreciable 
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error would result if the length of the polymer specimen was not 
measured to the line (AA') through the centre of the magnet. A 
small error would also occur if the mass of polymer below AA' was 
not added to the mass of the magnet, since anything below AA' is 
largely load in this instance. 
3.10 Low Frequency Dielectric Apparatus 
The low frequency dielectric apparatus was constructed to 
measure the dielectric properties of solid polymers under vacuum 
conditions over a frequency range of 102Hz to 104Hz and over a 
temperature range of -196°C through the polymer glass transition 
temperature or the softening temperature. 
The dielectric jig is shown in Fig. 3.7 and is essentially 
a modified three terminal Wayne Kerr Permittivity Jig D32l. The 
ceramic base C was modified by removing the lower base plate and 
fitting three brass set screws with large diameter heads S into 
the existing holes. These screws enable the jig to be mounted on a 
massive brass plate P, similar to that used in the dynamic 
mechanical apparatus, by slotting the screw heads into the machined 
groove G in the underside of the brass plate. The brass plate had 
a ground face B which mated with a matching face B' on the 
cylindrical brass cover. Sealing details were similar to those of 
the dynamic mechanical apparatus (Section 3.7) enabling a vacuum of 
better than l0-2mm.of mercury to be held with continuous pumping. 
The moulded polymer disc was fitted between the two 
electrodes E1 and E2 • Electrode E1 was shielded by a guard ring R 
separated by a 0.009 in. wall of epoxy resin. Electrode E2 could 
be moved up and down by the micrometer screw M. The sample face 
adjacent to the electrode E2 was covered with tin foil, which had 
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been fixed by a smear of Vaseline to give a good contact over its 
whole surface. Expansion and contraction of the polymer sample 
over the temperature range was accounted for by placing plastic 
washers W, of a similar coefficient of expansion to the sample, 
between the vertical supports and the plate carrying the top 
electrode. The loads L:t_ and 12 from the el,ectrodes and the thermo-
couple T were taken from the apparatus via one of the long copper 
tubes mounted on the circular brass plate. The length and 
diameter of the tubes and the vacuum sealing were similar to those 
described for the dynamic mechanical apparatus (Section 3.7). 
The second copper tube formed the vacuum take-off. The third 
terminal D was mounted on one of the three vertical supports and 
was a brass plate arranged to press on the inside of the cylindrical 
brass cover during measurements. 
3.11 Operation of the Low Frequency Dielectric Apparatus and the 
Treatment of Data 
A Wayne Kerr Universal Bridge B221 was used to measure 
the dielectric properties of the polymer samples. External 
excitation and detection were by an A.E.I. oscillator and a Wayne 
Kerr Waveform Analyser A321. A 4mF condenser was connected 
between the oscillator and the Universal Bridge to remove any 
D.C.voltage in the oscillator output voltage. A block diagram 
of the circuit is shown in Fig.3.8. 
Prior to each temperature run the bridge was initially 
set up on its own source frequency of 1592Hz. This was found to 
be acceptable throughout the frequency range covered. The 
standard procedure for a measurement at a particular frequency 
was to tune the oscillator to the required frequency and lock 
the waveform analyser to this frequency, which was indicated by 
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a maximum deflection on the analyser galvanometer. The bridge 
was then balanced by adjustment of the conductance and capacitance 
controls to give a minimum deflection of the waveform analyser 
galvanometer. The accuracy of the process was high since only 
maximum and minimum deflections were sought. The procedure was 
repeated at each frequency of measurement. 
The dielectric permittivity t 1 and the dielectric loss & " 
were calculated from the capacitance and conductance bridge 
readings respectively, by the following equations for a parallel 
plate condenser 
and 
e:'=36odC 
-A--
e;"=361fdG 
A c.> 
(3. 7) 
(3.8) 
where C and G are the capacitance and conductance readings in 
picofarads and micromhos respectively. A is the area of the 
guarded electrode in square centimeters, d the thickness of the 
sample in centimeters andc.> the angular frequency of measurement. 
+ Capacitance measurements can be made to within -0.0001 pF, 
conductance can be measured to within ~O.Ol)Umhos and the 
frequency is accurate to within ~2%. 
3.12. High Frequency Dielectric Apparatus 
The high frequency dielectric apparatus was constructed 
to measure the dielectric properties of solid polymers under 
vacuum conditions over a frequency range of 105Hz to 107Hz 
0 
and temperature range of -196 C through the polymer glass 
transition temperature or the softening temperature. Measurements 
were made on disc samples of similar dimensions to those used in 
the low frequency dielectric apparatus, A two terminal cell was 
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designed for use in conjunction with the Marconi version of the 
Hartshorn and Ward resonance apparatus, 
The Resonance Apparatus 
The Marconi Dielectric Test Set Type TF 704C( 124) used 
was a development of the original dielectric test set designed by 
Hartshorn and Ward (125 ). A simplified circuit diagram is shown 
in Fig, 3,9, The circuit was composed of two plug-in oscillators 
0 covering the frequency ranges 5 x 104Hz to 2 x 107Hz and 
107Hz to 108Hz. The amplitude of the oscillator output was 
controlled by an arrangement of coarse and fine resistors. The 
oscillator circuit was loosely coupled to a tuned circuit of 
various interchangeable coils L and two precision parallel plate 
capacitors with micrometer adjustment (the head), The larger of 
the two adjustable capacitors c1 on the head could be used to 
hold the dielectric to be measured, The smaller micrometer 
capacitor c2 served to measure the sharpness of resonance. 
Alternatively an external coil may be used, essential in this 
instance, since the cell had to be thermostated, The external cell 
was connected to the head at T1 and T2 • 
The principle of the apparatus was to equate the 
capacitance of the solid dielectric with that of a measured air 
gap. This was achieved by tuning for resonance at a particular 
frequency with the dielectric in place, removing the dielectric and 
re-establishing resonance with a measured air gap, Resonance was 
detected by a square law valve voltmeter V. 
The Permittivity Cell 
The cell was constructed mainly of stainless steel and glass 
and is shown in Fig. 3.10. The polymer sampleS, its faces covered 
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with tin foil, was held between the two electrodes E1 and E2 • 
The lower electrode E2 was a raised circular platform on the base 
of the stainless steel case I. The top stainless steel electrode 
E1 was located above the sample and lower electrode by a grooved 
glass disc P. The glass disc was held in position by three set screws 
A spaced equally around its perimeter. The set screws were fitted 
with spring washers W to maintain a good contact between the sample 
and the electrode faces. The lead R from the top electrode was a 
brass rod ( 8" long and 1/8" diameter) which was taken from the 
apparatus by the hemispherical glass cover G. The glass cover 
was provided with two more outlets: one for the thermocouple T and 
the other for the vacuum take-off. A rubber sleeve formed an 
efficient vacuum seal between the brass head R and the glass cover. 
Vacuum seals for the two remaining outlets were as described in 
Section 3.5. The faces of the flanges on the glass cover and the 
steel part of the cell were ground together to ensure a vacuum of 
-2 better than 10 mm. of mercury with constant pumping. 
It was necessary in the course of a measurement to break 
contact between the resonance apparatus and the top electrode. 
This was achieved by disconnecting the heavy lead L1 from the head 
of the resonance apparatus. The leads L1 and L2 from the cell to 
the resonance apparatus were kept as short as possible and were 
made of thick multicore cable. 
3.13. Operation of the High Frequency Dielectric Apparatus and 
the Treatment of Data 
Before the apparatus was used to measure the dielectric 
properties of the solid polymers a number of corrections had to 
be considered. 
Determination of the Edge Correction for the Cell 
The total capacitance C at resonance, measured with the 
cell holding a dielectric and connected to the resonance apparatus 
head,is given by 
(3.9) 
where CS is the capacitance of the sample, CH the capacitance in 
the measuring head and CX is the extraneous capacitance which 
accounts for the capacitance of the cell, leads and head, and is 
termed the 'edge correction'. 
When contact is broken at the head and resonance is 
re-established by adjustment of the large micrometer capacitor, 
the total capacitance C is now given by 
(3.10) 
where CH' is the new capacitance of the resonance apparatus head 
required for the re-establishment of resonance. Equating 
Equations 3.9 and 3.10 
CS + CH + CX = CH' 
(3.11) 
Thus by determining capacitances from the differences of the 
large micrometer a value of the sample capacitance plus the 
extraneous capacitance is given. ex was determined by first 
finding € 1 the dielectric permittivity of a convenient dielectric 
by a separate experiment, using only the resonance apparatus over 
a range of frequencies. The sample was then transferred to the 
new cell, which was connected to the head1 and the differences 
between the head capacitor readings were determined at similar 
frequencies. All terms except CX in Equation 3.11 were now known, 
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since where C 
0 
is calculated from 
(3.12) 
The edge correction was found to be 10.3 pF over the frequency 
range. 
Determination of the Induction Correction 
It was found with measurements at high frequency that 
the measured capacitance of samples increased considerably. 
Assuming the cell to be an inductance L, resistance R and 
capacitance C in series(l26) the corrected capacitance is given 
c 
by 
c ; _.....::.c__,_ 
c (l+LCt.> 2) 
(3.13) 
where C is the observed capacitance at an angular frequency cv 
A value of the inductance L was obtained by determining the 
capacitance of a low loss dielectric at high frequencies 
(c 107Hz) and comparing it with the observed capacitance of the 
same sample measured at lower frequencies. A value of the sample's 
true capacitance at the higher frequencies was then estimated. 
By substitution of the observed high frequency capacitance and the 
estimated high frequency value the inductance was found to be 
0. 755 flH• Equation 3.13 was subsequently used to correct high 
frequency capacitance data. 
Having determined the edge and induction corrections it 
was possible to proceed to measure the polymer samples. Oscillator 
and test coils were selected to give the particular resonant 
frequency desired with the evacuated cell connected to the head. 
The exact frequency of measurement was determined from the oscillator 
reading and the manufacturer's calibration chart for the particular 
oscillator coil in use. Measurements were usually made with the 
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galvanometer giving a full scale deflection, with the small 
micrometer capacitor set at approximately mid-travel and the large 
micrometer capacitor set at a known air gap. The full scale 
resonance signal was automatically reduced to 1/~ of the resonance 
signal. The reading was noted and the signal was returned to its 
position of maximum deflection, In order to determine the half-
-width of the resonance curve the resonant amplitude was then 
reduced to 1/~ of the resonant amplitude on either side of 
resonance by the small micrometer capacitor. The cell was then 
disconnected at the head, resonance re-established by adjustment 
of the large micrometer capacitor and the reading noted. The half-
-width of the resonance curve was determined by a similar procedure 
to that described above. As this latter term is not temperature 
dependent it was only necessary to repeat the procedure at the end 
of each run. The whole operation was performed at each frequency 
of measurement. 
The dielectric permittivity ~· was calculated from 
where CS is the corrected sample capacitance obtained from the 
reading of the large micrometer capacitor at resonance with an air 
gap minus the reading of the capacitor at resonance with the sample 
connected. The difference in readings was converted to capacitance 
by the manufacturer's calibration curve for the large micrometer 
capacitor. C
0 
was calculated from Equation 3.12. 
The dielectric loss E: " was calculated from the formula 
for the loss factor tan S ( 127) 
tancS lA 
= 2cs (3.15) 
where CS is as above and 6~ is the difference in the half power 
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widths of the resonance curves measured with and without the sample, 
Since E: 11 = E 1 tan o and £1 = CS/C
0
, Equation 3.15 can be 
rewritten in terms of £" as 
£" 
6A CS 66. 
= 2c·c = 2c 
s 0 0 
(3 .16) 
The capacitance change per millimeter of the small micrometer was 
taken from the manufacturer's handbook. 
3.14 Temperature Control for all Relaxation Measurements 
The method of controlling temperature was basically the 
same for each of the three types of apparatus described previously 
in Sections 3.7, 3.10 and 3.12. The temperature range over which 
measurements were taken was also similar, ranging from room 
0 temperature to about -150 C. It was found by experience that greater 
control over the temperature stability of the apparatus could be 
achieved if measurements were taken whilst the apparatus was being 
cooled rather than if it was allowed to warm up from a low 
temperature. Temperature runs were usually divided into two periods, 
0 
one for cooling from room temperature to -70 C and one for cooling 
from -70°C to -150°C; each period took ene day. 
The sealed apparatus was fitted with a coil of copper 
tubing (-/::-" i.d. and 6 turns) around its diameter and immersed in a 
copper container filled with a methanol/ethanol mixture. The 
container and contents were then placed in a 10 litre Dewar vessel. 
The copper container was used in order to prolong the life of the 
Dewar vessel, since it was found that the continual temperature 
variation within the Dewar tended to cause failure after only a 
short time. 0 Cooling down to -70 C was effected by adding solid 
carbon dioxide in bulk to the liquid coolant. For temperatures 
below -70°C liquid nitrogen coolant was circulated through the coil 
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nitrogen 
by a liquid/generator. The generator consisted of a commercial 
25 litre liquid nitrogen container fitted with a special head 
incorporating a copper delivery tube and external pressure 
connection. A steady stream of liquid nitrogen was circulated 
through the coil by applying a small excess pressure of dry 
oxy-free nitrogen gas to the generator via the external pressure 
connection. 
The above technique had to be modified for measurements 
below -70°C for the high frequency permittivity cell. Since the 
vacuum in this cell was maintained by greasing the ground faces 
and relying on the pressure difference between the inside and 
outside of the cell, it became necessary to 'protect' the vacuum 
seal at low temperatures, because the vacuum grease solidified at 
about -80°C and broke the vacuum seal. This was done by coiling 
a few loops of Electrothermal 'Heat-by-the-Yard' tape around the 
glass cover just above the seal. The temperature of the seal was 
controlled so that the vacuum seal would remain intact whilst the 
lower part of the cell was cooled in the normal manner. 
The only occasions when measurements were taken as the 
apparatus was being warmed up were : 
(i) When the dynamic mechanical properties of poly(ethylene 
oxide) were measured up to 40°C. 
(ii) When the dynamic mechanical properties of amorphous 
poly(ethylene oxide) and poly(tetramethylene oxide) 
were measured. 
In the first case temperature control was achieved by 
placing the apparatus in a thermostated oil bath. In the second 
case great care had to be taken in keeping the temperature of the 
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dynamic mechanical apparatus below the glass transition temperature 
of the polymers to prevent crystallization of the samples during 
mounting. This was achieved by pre-cooling the apparatus with 
liquid nitrogen and solid carbon dioxide and mounting the quenched 
specimens into the apparatus in an atmosphere of very cold carbon 
dioxide and nitrogen. The cold sealed apparatus was then placed 
in a Dewar of liquid nitrogen, allowed to equilibrate, removed and 
then placed in an empty Dewar vessel. Measurements were taken as 
the apparatus warmed up freely. 
In all cases temperatures were measured by calibrated 
copper-constantan thermocouples located near the specimens. 
Because of the high mass of each apparatus temperature stability 
during the actual measurement period was excellen0 enabling the 
+ 0 temperature to be measured to -0.2 C. The e.m.f. of the 
thermocouple was measured on a Tinsley potentiometer with a 
sensitive galvanometer which ensured an accuracy better than the 
temperature control. 
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CHAPrER IV 
RESULTS 
4.1 Method of Presentation 
The results are presented in the following order 
Molecular weights. 
Crystallization data. 
Dynamic mechanical data. 
Dielectric temperature plane data. 
Dielectric loss frequency plane data. 
A section is devoted to each. 
The dynamic mechanical data of each polymer are given 
by plots of Young's modulus E' and loss factor tanS _ against 
temperature at an essentially constant frequency. Similarly 
the dielectric permittivity e' and loss E" are plotted against 
temperature. The dielectric loss is also plotted in the frequency 
plane. 
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4.2 Molecular Weights 
The method and equation used to estimate the molecular 
weights of the polymers were outlined in Section 3.2 of Chapter 
III. Table 4.1 summarizes the molecular weight data. 
Table 4.1 
Polymer Solvent 
Poly(ethylene oxide) water 
Poly(tetramethylene benzene 
oxide) 
Temperature (c) 
+ 25.0-0.1 
n. 
+ 25.0-0.1 
Molecular 
Weight 
6 3.0 X 10 
5.4 X 105 
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4.3 Crystallization Data 
The percentage crystallinity of poly(ethylene oxide) 
ene 
and poly(tetramethyljoxide) from specific volume dilatometric data 
was calculcated by using 
Percent. Crystallinity X = Va-Vx 100 
Va-VlOO 
(4.1) 
where Va' v100 and Vx are the amorphous, lOO%crystalline and 
X% crystalline specific volumes respectively. Fig.4.1 shows 
the dilatometric data, specific volume against log time, of 
poly(ethylene oxide) at the crystallization temperature of 
+ 0 
:53.7-0.01 C. Fig. 4.2 shows the dilatometric data of poly(tetra-
methylene oxide) at the crystallization temperatures of 
+ 0 + 0 18.0-0.01 C and 23.5-0.01 C. A secondary process, approximately 
linear with log time, is evident from the poly(tetramethylene 
oxide) plots. The primary process correlates with spherulitic 
growth-observed with the polarising microscope, but the secondary 
process shows no such correlation. 
The method and equation used to calculate the 
percentage crystallinity from dielectric studies were outlined in 
Section 2.9 of Chapter II. Fig. 4.3 shows the variation of the 
dielectric permittivity ~ 1 of poly(tetramethylene oxide) with 
log time through crystallization, at the crystallization 
+ 0 + 0 temperatures of 18.0-0.01 C and 23.5-0.01 C. No secondary 
process is shown for poly(tetramethylene oxide) when the 
crystallization is studied dielectrically. The importance of 
this observation will be discussed later. 
Tables 4.2 and 4.3 summarize the crystallinity data of 
poly(ethylene oxide) and poly(tetramethylene oxide) respectively. 
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Table 4.2 
Poly(ethylene oxide) 
Crystallization 
Temperature (°C) 
+ 53·7-0.01 
* 
Crystallization 
Time (mins. ) 
120 
%Crystallinity 
Spec. Volume X-Ray 
+ * 61.5-3.0_ 66.4 
The considerable error on this figure arises because of the 
large limits given for the lOO% crystalline density (119). 
Table 4.3 
Poly(tetramethylene oxide) 
Crystallization 
Temperature (°C) 
Crystallization 
Time ( mins • ) 
%Crystallinity * 
Spec.Vol. Dielectric X-Ray 
+ 18.0-0.0l 
+ 23.5-0.01 
125 (Primary) 25.9 
3,200 (Secondary) 33.3 
1,400 (Primary) 
10,000 (Secondary) 36.8 
24.5 
24.5 
34.8 
34.8 
* These X-Ray measurements are by Bowman (120) on a sample of 
24.2 
polymer from the same batch used by the author, and are included 
for comparison with the specific volume and dielectric measurements 
and for later discussion. 
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4,4 Dynamic Mechanical Data 
The variation of E' and tanS over a wide temperature 
range for a solution crystallized sample, an amorphous sample and 
two bulk crystallized samples of poly(ethylene oxide) is shown 
in Fig. 4.4. The crystallization temperatures of the bulk samples 
were 0°C and 53.7°C respectively, 
The solution crystallized sample and the bulk crystallized 
samples show a rise in tanO and a corresponding drop in E' in 
the temperature region -50°C to 0°C (termed the ~-dispersion 
region). The temperature location of the maximum of the tan& 
peaks increases with the crystallinity of the samples, whereas 
the magnitude of tan 6 decreases with the crystallinity of the 
samples. Below -6o°C the loss (tans~ 0.007) and modulus 
remain at a constant level for the three samples. The modulus 
drop ~E' is identical for the two bulk crystallized samples. 
The variation of the dynamic mechanical properties of the 
amorphous sample is shown over the limited temperature range 
0 0 
-135 C to -50 C, since above this temperature crystallization 
took place. 
Table 4.4 summarizes the dynamic mechanical properties 
of the poly(ethylene oxide) samples. 
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Table 4.4 
Poly(ethylene oxide) ~-Process 
Sample 
Solution Cryst, 
tanb 
max. 
0.096 
0 Bulk Cryst.53.7 C 0.148 
0 Bulk Cryst.O C 
Amorphous 
0.177 
Temperature 
location (°C) 
-18.0 
-31.0 
-35.0 
) 
) 
) 
LIE' 
-2 (dynes cm. ) 
3.37 X 1010 
10 Amorphous E' 2.9 x 10 
The dynamic mechanical data for a number of samples 
of poly(tetramethylene oxide) of various crystallinities are shown 
in Figs.4.5 to 4.8. Fig.4.5 shows the variation of E 1 and 
tan 1i over a wide temperature range for two bulk samples 
crystallized at 0°C and 23.5°C respectively. ,Also shown in Fig.4.5 
are the dynamic mechanical data of the 23.5°C sample after some 
secondary crystallization has taken place. Fig.4.6 shows the 
dynamic mechanical data over a similar temperature range of a 
bulk sample crystallized at 18°C. Again data are presented after 
primary and some secondary crystallization. Fig.4.7 shows the 
dynamic mechanical data of a sample of poly(tetramethylene oxide) 
0 quenched at -20 C, of the same sample after it had been held at 
23.5°0 for 7 days and also of an amorphous sample of the polymer. 
All the data, except the amorphous sample data, show 
peaks in tan b with corresponding drops in E' in the temperature 
~ -region). The magnitude of the ~-peaks is always greater than 
the magnitude· of the I! -peaks. The general temperature 
location and the magnitude of both the ~- and ~-peaks are 
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similar to those shown by the ~-peaks of the poly(ethylene · 
oxide) samples, in that their temperature location shifts to 
a higher temperature with increasing crystallinity and their 
magnitude decreases with crystallinity. All the ~-peaks appear 
to be situated on a background of high loss, the magnitude of 
which increases slightly with non-crystallinity. The modulus 
drop ~E' is the same, within experimental error, for all the 
bulk crystallized samples, both before and after some secondary 
crystallization. The effect of the secondary crystallization is 
apparent in the ~-loss curves, the magnitude of which decreases 
after some secondary crystallization has taken place. The 
variation of the dynamic mechanical properties of the amorphous 
sample 0 is shown over the limited temperature range -135 C to 
0 
-80 C, since above this temperature the sample began to crystallize. 
The dynamic mechanical properties of the poly(tetra-
methylene oxide) samples are summarized in Table 4.5. 
Fig.4.8 shows the mechanical loss factor tano 
plotted against temperature for a sample of poly(tetramethylene 
oxide) that had been crystallized at l8°C, held at that 
temperature for approximately 7 days under constant vacuum 
pumping, measured, exposed for 36 hours to water vapour, vacuum 
pumped for 24 hours and re-measured' The object of the exercise 
was to show that the ~-process was not caused by the absorption 
of moisture. Also shown in this Figure are the reproducibility-
-of-data curves mentioned in Section 3.9 of Chapter III. 
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Table 4.5 
Poly(tetramethylene oxide) 
Sample 
~-Process 
tan 6 max. Temp.Loc.(°C) dE' 2 Primary Secondary (dynes cm- ) 
l! -Process 
tan 6 max. Temp.Location (°C) 
Primary Secondary Primary Secondary 
0 Bulk Cryst.23.5 C 0.155 0.155 -50 0.054 0.045 "-9'7 -95 
0 Bulk Cryst.18.o c 0.203 0.200 -54 0.070 0.055 -98 -100 
&' 0 Bulk Cry$t.O C 0.235 -58 2.1 X 1010 0.08 -102 
Quenched -20°C 0.254 -62 0.08 -106 
Annealed -20°C sample -- 0.1 '72 -52 -- 0.066 -97 
Amorphous Amorphous Eio 
= 2.3 X 10 
0.05 
E'' 
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· 4.5 Dielectric Temperature Plane Data 
Figs. 4.9 and 4.10 show the variation of the dielectric 
permi tti vi ty E 1 and the dielectric loss t;" over a wide temperature 
range and a limited frequency range for two samples of poly(ethylene 
oxide) bulk crystallized at 0°0 and 53.7°0 respectively. 
The plots show a close resemblance to those of the 
dynamic mechanical data, Fig. 4.4, in the temperature range above 
-70°0. Each sample exhibits a maximum, (a ~-peak), in the dielectric 
loss and a corresponding rise in the dielectric permittivity in 
this region. 0 However, below -70 0 the samples show a distinct 
~-process (at about -100°0 depending on the frequency of measure-
ment), which is not in agreement with the dynamic mechanical data. 
The temperature location and magnitude with respect to crystallinity 
of each loss peak at a particular frequency follow a pattern similar 
to that outlined for the mechanical data. 
Table 4.6 summarizes the dielectric temperature plane 
data of poly(ethylene oxide) samples crystallized at 0°0 and 53.7°0. 
Table 4.6 
Poly(ethylene oxide) 
Sample Frequency ~-loss temp. .1E' ~-loss temp. 
of Measure- max. location max. location 
ment (Hz) (oC) (oC) 
Bulk 700 .026 -44 } .012 -103 Cryst. 2000 .027 -43 .45 .014 -lOO 53-7°0 7000 .028 -42 .015 -96 
Bulk 700 .026 -53 l .014 -106 CrYst. 2000 .031 -52 .60 .015 -103 0°0 7000 .032 -51 .016 -lOO 10000 .033 -50 .on -98 
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The massive rise in £ 1 indicated in the high temperature 
regions of Figs. 4.9 and 4.10 is attributed to a conductivity 
effect. 
Figs. 4.11 to 4.15 show the variation of the dielectric 
permi tti vi ty £' 1 and loss e " over a wide range of temperature 
and frequency for a number of poly(tetramethylene oxide) samples. 
Fig. 4.11 shows the dielectric properties of a sample crystallized 
0 
at 0 C. Fig. 4.12 shows the dielectric properties of a sample 
crystallized at 18°C and measured after the primary crystallization 
process is complete, and Fig. 4.13 shows the dielectric properties 
of the same polymer measured after some secondary crystallization 
had takEnplace. Similarly Figs. 4.14 and 4.15 show the dielectric 
0 properties of a sample crystallized at 23.5 C after the primary 
crystallization process and also after some secondary crystallization 
had taken place. A limited frequency coverage (102 - 104 Hz) 
is given for the samples measured after the primary crystallization 
process, because "' 10 4 Hz is the limiting frequency of the 
Bridge apparatus. In order to extend the frequency range the 
samples would have to be removed from the Bridge apparatus and 
mounted in the Resonance apparatus, a process which requires some 
time. During this time secondary crystallization would occur 
and the subsequent measurements would be of little value. The 
preparation of a fresh sample for use in the high frequency 
Resonance apparatus was considered but discounted, since it 
was thought essential to measure only one sample in order to have 
a uniform basis for comparison between primary and secondary data. 
The plots show a close resemblance to those of the 
dynamic mechanical data of this polymer. In all cases each 
sample exhibits a maximum (a ~-peak) and a corresponding rise 
in 
0 0 
E: ' in the temperature range -90 C to -20 C. At low 
frequencies (below 103Hz) partial resolution of a l{ -process 
is achieved on the low temperature side of the ~-peaks. 
Again the general temperature location and magnitude 
with respect to crystallinity of each loss peak at a 
particular frequency follow a pattern similar to the one out-
lined for the mechanical data and also the dielectric temperature 
plane data of poly(ethylene oxide). Table 4.7 summarizes the 
dielectric temperature plane data of the poly(tetramethylene 
oxide) samples. 
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Sample 
Bulk 
Cryst. 
' . 23.5°C 
Bulk 
<XJ Cryst. ---1 
' 18.0°C 
Bulk 
Cprst. 
0 c 
Selected frequencies 
of measurement KHz 
0.7 
2 
10 
140 
1680 
5900 
0.7 
2 
10 
395 
860 
166o 
0.7 
2 
10 
Table 4.7 
Poly(tetramethylene oxide) 
Primary 
~-loss max. Temp.fcl 
.084 -80.0 
1 .099 -79.0 .ll6 -76.0 
.o86 -87.0 
I .ll5 -85.0 .132 -80.0 
.087 
-88.0} 
.ll6 -86.0 
.134 -81.0 
Ll£ I 
.75 
.80 
.& 
Secondary 
0 b'-loss max.Temp.( C) 
.054 -76.0 
.065 -75.0 
.081 -72.5 
.129 
-55.0 
.154 -40.0 
.163 -36.0 
.084 -85.5 
.ll2 -84.5 
.126 -78.0 
.153 -61.0 
.165 -56.0 
.172 -46,0 
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.80 
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4.6 Dielectric Loss Data in the Frequency Plane 
Figs. 4.16 and 4.17 show the variation of the dielectric 
loss £ " against log frequency at constant temperature for bulk 
crystallized samples of poly(tetramethylene oxide), crystallized 
0 . 0 
at 18.0 C and 23.5 C respectively. The data were taken after 
some secondary crystallization had taken place. 
Both figures confirm the existence of the two 
~-and t-loss processes indicated earlier by the dielectric and 
dynamic mechanical temperature plane data. 
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CHAPTER V 
DISCUSSION 
A, A PRELIMINARY EXAMINATION OF THE POLYMERS MEASURED 
5,1 Structure and Crystalline Morphology 
The determination of the structure of poly (ethylene oxide) 
{<cH2)2 - o}m 
has been the subject of several X-ray and infra-red investigations in 
the past (128-132). As a result a number of helical configurations 
have been proposed differing in the ratio of the number of chemical 
units to twists per identity period, Recently Tadokoroet al, (133) 
have shown poly (ethylene oxide) to have a loosely turn~d 72 helix 
structure, which agrees with structures proposed independently by 
Richards (134), Price and Kilb (135) and Miyazawa et al. (136), and 
a monoclinic unit cell. 
The structure of poly (tetramethylene oxide) 
{tcH2) 4 - o} m 
resembles that of poly (ethylene): a planar zig-zag conformation with 
the chains packing in a C face centred monoclinic unit cell (137), 
(138), (139). 
Both poly (ethylene oxide) and poly (tetramethylene oxide) are 
seen to form characteristic spherulite structures at most of the 
crystallization temperatures used in the present study, Optical 
micrographs of the structures are shown in Figs, 5,1 and 5,2, The 
spherulite size depends uponnucieat·ion and growth kinetics. For a 
sample of poly (tetramethylene oxide), crystallized from the melt-
at 0°C, nucleation is so dense that spherulitic growth is impeded by 
early impingement and an essentially non-spherulitic structure is 
formed Fig, 5,2 (A), However,samples of poly (ethylene oxide) and 
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poly (tetramethylene oxide) crystallized under less extreme conditions 
form well defined spherulitic structures Figs. 5.1 (B) and 5.2 (B) (C). 
It has been noticed in the present work and elsewhere (135) that poly 
(ethylene oxide) is capable ?f forming very large spherulites (dia-
meters of up to 1 cm. have been reported). 
Examination of the crystallization kinetic data for poly 
(tetramethylene oxide) Fig. 4.2 reveals a secondary crystallization 
process approximately linear with log time. The secondary process, 
unlike the primary process,does not correlate with spherulitic growth. 
5.2 Parameters Possibly Influencing the Dynamic Behaviour of Partially 
Crystalline Polymers 
Bearing in mind the morphological properties observed in the two 
poly (ethers) under examination, it is now relevant to list parameters 
that may influence the dynamic mechanical behaviour of partially 
crystalline polymers, Table 5.1. 
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Table 5.1 
Morphological Parameters 
Parameter 
Spherulite size 
Ring spacing 
Lamella thickness 
Crystalline phase disorder 
Molecular weight 
Amorphous phase constraint 
Connnent 
Measureable, dependent on nucleation 
and growth kinetics, i.e. crystalliza-
tion temperature. 
Measureable, due to the lamella twist 
pitch. Found to increase approximately 
linearly with temperature. 
Measureable. 
Will be dependent on (i) rate of crystal-
lization (ii) secondary crystallization 
(iii) annealing temperature. 
Will probably increase with secondary 
crystallization and with rate' of 
crystallization • 
Data for the two poly (ethers) have been abstracted from 
current· work carried out at Loughborough University of Technology and 
are given in Table 5.2 in order to provide further information 
concerning the possible influence aft he above parameters. 
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Table 5,2 
Sample Data 
Polymer Cryst, temp. Crystallization %Crystallized (dil,) Sph. Lamella Approx. Melting 
("C) Primary Sec'y size twist Lamella Point 
Process Process range (,o.0 pitch (p.) thickness ("") (OC) 
Poly( ethylene 53.7 Primary ,... 65 0 130-210 )210 60,5 
oxide) 
0 Primary 0 ""20 58.0 
solution crystallized sample 62.5 . 
Poly( tetra- 23.5 Primary 30,5 30-90 6 180 42,0 "' IS> 
methylene Secondary 6,3 30-90 6 180 
oxide) 
18.0 Primary 25,9 2-20 3.4 110 38,1 
Secondary 7,4 2-20 3,4 110 
0 After 1080 29,0 (1 <so 
mins. 
B, THE LOSS REGIONS 
5,3 The f3- Loss Region in Poly (ethylene oxide) 
Fig, 4,4 shows the mechanical f3 - loss peaks for poly (ethylene 
oxide) crystallized at 0°C and 53,7°C which are situated at around 
-40°C (200Hz), The loss peaks shift to higher temperatures and are 
reduced in magnitude with an increase in the crystallization tempera-
ture, i,e, with an increase in crystallinity and crystalline perfection. 
They are accompanied by a significant drop in Young's modulus 
( ' 10 -2) AE = 3,37 x 10 dynes cm , 
The dielectric data for the polymer in Figs. 4,9 and 4.10 also 
show loss peaks situated at similar temperatures, accompanied by a 
change in the dielectric permi tti vi ty ( A€1"' 0, 5), The peaks exhibit 
a temperature shift and decrease in magnitude with increasing tempera-
ture of crystallization similar to those of the dynamic mechanical 
peaks, 
This temperature shift and loss magnitude reduction are considered 
to be due to the diminution of the amorphous phase and to the change of 
arrangements within this phase (discussed lat~r).as the crystallization 
temperature increases. As crystallization increases more energy is 
required to overcome the constraint imposed by the crystalline regions, 
in order that molecular motion of the amorphous phase may occur, hence 
the shift to higher temperatures, The above evidence and reasoning 
suggest that the mechanical and dielectric fl - loss peaks are caused 
by the same motion, which is in the amorphous phase and is in fact 
the glass-rubber transition, The dilatometric glass transition 
temperature has been determined as about -66°C (119), The dynamic 
mechanical data of solution crystallized poly (ethylene oxide) Fig, 4,4 
provide further evidence to suggest that the ft - loss peaks represent 
the glass-rubber transition, This method of crystallization is 
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reported (23) to give poly (ethylene oxide) single crystals. It is 
seen that solution crystallized poly (ethylene oxide), which is 
considered to be highly crystallized and thus to have a low amorphous 
content, gives a greatly reduced ~- loss peak and modulus drop, 
again at slightly higher temperatures. Dielectric measurements on 
poly (ethylene oxide) crystallized in a similar way, reveal no 
distinct fo- peaks (23), thus providing strong evidence that the 
ft - process is in the amorphous phase. 
Activation enthalpies for the two mechanical samples crystallized 
at 0°C and 53.7°C, calculated by the Read and Williams equation (140) 
-1 -1 given below, are 60.5 z 2.5 koal.mole and 68.1 ± 2.5 kcal. mole 
respectively. This equation is w:ritten 
= 
(Eij.- E~) ?rR 
2./E'E' AH U R 
(5.1) 
in which the left hand side, the area under a tan o v l/T0 A plot, is 
related to the average activation enthalphy 11 H. Eij. and E~ are the 
limiting unrelaxed and relaxed moduli at TU and TR on either side of 
the relaxation respectively. The values agree with those calculated 
in a similar manner by Wetton and Allen (8), but are higher by a 
factor of two than those reported by Read (20). Activation 
are 
enthalpies/calculated by the d(log f)/d(l/T) = - A H/2.303R relation 
from the limited frequency dielectric measurements. Fig. 5.3 gives 
0 0 0 the log f v 1/T A plots for both the 0 C and 53.7 C samples. The 
data presented in Fig. 5.3 are not sufficiently accurate to allow a 
distinction to be made between the slopes of the graphs, so that no 
detailed information regarding the dependence of the activation 
enthalpy ·oil'' crystallinity is possible. An overall activation . 
-1 0 
enthalpyy is calculated as 66.6 kcal. mole for both 0 C and 
0 53.7 C samples. This value compares favourably with the activation 
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enthalpy estimated from Ishida's measurements on bulk crystallized 
poly (ethylene oxide) (23) and with the above dynamic mechanical 
activation enthalpies, lending further support to the idea that the 
mechanical and dielectric p- processes have the same molecular 
origin. The figures are in the expected order for a glass-rubber 
transition (141), 
The magnitudes of the poly (ethylene oxide) dielectric ~- loss 
0 peaks (0,026 at 7KHz, 53.7 C sample) are much lower than those for 
0 poly (tetramethylene oxide) (0,11 at 7KHz, 23,5 C sample). The 
helical structure of poly (ethylene oxide), in which all the ether 
· dipoles are orientated towards the centre of the helix and thus 
oppose each other (137), gives a low value of 2 A /n, the mean square 
dipole moment per monomer unit, The loss magnitude which is pro-
portional to ft 2 /n will therefore be low. 2 Calculation of JL /n for 
poly (ethylene oxide) using the Onsager Equation 
< &' - t' ) < 2 E' + E:_ ) 0 CO 0 .... 
!' ( E00 + 2)1 0 
= 
41TN' 
9kT n (5.2) 
where t' and t' (= n2 = 2.6) are as defined in Section 2,9, Chapter II 
0 00 
2 gives a value of o.76D • Poly (tetramethylene oxide) at 20°c gives a 
2 
value of 1,15D (see later). 
Read (82) has calculated the mean square dipole moment for poly 
(ethylene oxide) as 
= 
2 2k (1 - cosoc ) (1 - 11. 2 ) (1 + COB'<C ) (5,3) 2 
+ cos C( + cos "' ) n 
where "l = cos cp , r/J being the internal rotation angle such that 
~ = 0 for the trans conformation, k is the.dipole moment of the C- 0 
bond and ~ is the supplement of the valence angle. Equation 5,3 
2 2 
enables,.u. /2k n to be calculated as a function of ?j_ Read has 
performed this calculation for -1 S "l ~ 1; the conditions ?]_ = 0, l 
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and -1 correspond to 'free rotation', exclusive trans and exclusive 
gauche configurations respectively. The data in the present work 
give a ~ value of 0,28 which indicates that the trans configuration 
is not exclusively preferred. From the value of 'l'\. the numbers of 
the gauche and trans configurations can be calculated; if x is the 
trans population fraction then (1 - X )/2 will be the population 
fraction of the two equivalent gauche configurations. Thus 
X COS r/J + (1 - X ) COS 1/J 
T :· G 0.28 = (5.4) 
1 
where r/J a = 120° and f/>T = · :o0 • Equation 5.4 gives x ~ 0.5, 
indicating that the trans and gauche positions are equally populated. 
The data are in agreement with the observed helical structure of poly 
(ethylene oxide), However, calculation of the energy difference 
AE (per mole) between the trans and gauche configurations, since 
these configurations only are assumed to be allowed by the relation-
ship 
gives a value of AE = 
"\_ = 
exp ( ~E/RT) - 1 
exp (AE/RT) + 2 
-1 435 cal, mole • 
(5.5) 
The energy difference is of the right order of magnitude to 
agree with the prediction of 'free rotation'. However, Read points 
out that the analysis is not rigorous for helical conformations, e.g. 
for polymers such as poly(methylene oxide) and poly(et~ylene oxide), 
because of the neglect of possible correlations between internal 
rotations resulting from dipole-dipole interactions and steric 
effects. 
The small magnitude of theft-loss peaks in poly(ethylene oxide) 
as compared with the )9-peaks of poly(tetramethylene oxide) may be 
further explained by the degree of crystallinity. It is well known 
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that poly(ethylene) single crystals and linear bulk poly(ethylene) 
show no mechanical ~-loss (142) (3). Highly branched poly 
(ethylenes)do however exhibit a ft-loss (19) (3). The latter poly 
(ethylenes) are by no means as crystalline as the single crystal and 
linear poly(ethylenes) because of their branched structure and they 
possess sufficient amorphous material to exhibit a p-process. 
Similar results are reported for poly(chlorotrifluorethylene) (143), 
where the p-1oss appears to be inversely proportional to the degree 
of crystallinity. Poly(ethylene oxide), being more highly crystalline 
than poly(tetramethylene oxide) would therefore be expected for this 
reason alone to show a low ft -process. It is noted that when the 
degree of crystallinity in poly(ethylene oxide) is improved, (bulk 
crystallized to solution crystallized samples), Fig. 4.4, the mechanical 
loss peak is reduced. This has also been shown to be the case for 
dielectric measurements of bulk to solution crystallized poly(exhylene 
oxide) (23). 
5.4 The t-Loss Region in Poly(ethylene oxide) 
The existence of a low temperature dielectric loss in poly(ethylene 
oxide) is surprising since no low temperature loss process has ever 
been observed in mechanical measurements of the polymer either in the 
present or in other work (8) (20). However its presence is confirmed 
by the dielectric measurements of Ishida et al. (23), who report a low 
temperature 6 -process at about -100°C (1000Hz) with an activation 
-1 
enthalpy of about 9 kcal. mole They conclude that the mechanism 
responsible for the process is a local mode oscillation of the main 
chain in both the amorphous phase and the crystalline defect regions 
of the polymer. 
There is no evidence in the present work to contradict this 
conclusion, particularly since the magni tudes of the If -peaks are 
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only very slightly affected by crystallinity changes, and the activation 
-1 
enthalpies Fig. 5.3 are determined ·in the order of 15 N 16 kcal. mole , 
-1 i.e. within the 10 - 20 kcal. mole range predicted for local mode 
relaxations (144). 
Other mechanisms that could be considered responsible for the 
~ -loss peaks in the polymer include the orientation of absorbed 
water or solvent (ethanol) during crystallization, or the orientation 
of an.additive, since both the polymers used in the present work and 
in Ishida's work (23) were from a commercial source. The author has 
made every effort to keep the polymer dry and free from contamination, 
including taking measurements under vacuum, with the result that the 
first mechanism mentioned above may be safely discounted. It is 
impossible to assess the importance of the second mechanism because 
the precise specification of the polymer is not known. 
It is not clear why the dynamic. mechanical measurements do not 
detect the dispersion. The ~ -loss of poly(ethylene oxide) is 
perhaps below the sensitivity of the vibrating reed apparatus used in 
the present work. However, torsion pendulum measurements at 1Hz, 
which are generally accepted to be more sensitive than vibrating reed 
measurements, have also failed to detect a ~-loss process (20). 
5.5 The fl -Loss Region in Poly(tetramethylene oxide) 
The ~-loss in poly(tetramethylene oxide) is seen to be the 
strongest low temperature dispersion, i.e. below Tm the crystalline 
melting point, observed in the temperature plane for both the dynamic 
mechanical cases, Figs. 4.5 and 4.6 and the dielectric cases, Figs. 
4.11 to 4.15. This is also the case for the dielectric frequency 
plane data Figs. 4.16 and 4.17. The fi -region is characterized by 
large mechanical loss (tan 6) and dielectric loss ( E ") peaks and by 
10 -2 
significant changes in Young's modulus ( LlE':<:o 2.1 x 10 dynes cm. ) 
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and dielectric permittivity (Ae'~ 0.8). The position of the j3 -loss 
peaks is sufficiently near the dilatometric glass transition tempera-
0 ture Tg = -84 C (8), to suggest that the mechanical and dielectric 
~-dispersions have the same molecular origin and are due to the glass-
rubber transition of the polymer chains in the amorphous phase. 
Furthermore,the magnitude and temperature location of the ~-loss 
peaks with respect to the percentage crystallinity of the polymer 
suggest that the p -dispersion is the glass-rubber transition and is 
therefore associated with the amorphous phase. The magnitude and 
temperature location of the peaks vary in a similar way to those of 
the ~ -loss peaks of poly(ethylene oxide) reported earlier in Section 
5.3 of this Chapter. The same reasoning may therefore be applied to 
the poly(tetramethylene oxide) p -loss peaks as has been applied to 
the poly(ethylene oxide) p -loss peaks in order to relate them to the 
glass-rubber transition of the polymer. 
The decrease in area of the mechanical tano with increasing 
crystallinity may be interpreted by Equation 5.1. Table 5.3 lists 
the activation enthalpies for the~ -process of samples crystallised 
0 0 0 
at 0 c, 18.0 C and 23.5 c. 
Sample 
Table 5.3 
Activation Enthalpies for the ~ -Process 
of Poly(tetramethylene oxide) as determined 
by Equation 5.1 
(Primary and Secondary) 
(" tl ") 
-1 L\H(kcal. mole ) 
35.5 
51.5 
60.5 
The decrease in area with increase in crystallinity is thus 
explained by the increase in the activation enthalpy of the p-process 
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6.0 
with increased crystallinity. One possible interpretation of the 
activation enthalpy dependence on crystallinity for the #-process is 
that amorphous chains are under moreconstraint in the more highly (or 
perfectly) crystallized samples. The constrained chains will have a 
greater number of trans configurations and, their deformation would 
tend to require a high activation enthalpy. However, as the crystalline 
0 
volume fraction is not changed significantly by crystallizing at 0 C, 
1B.0°C and 23.5°C it is argued that the constraint should not change 
significantly either. The correct interpretation of the activation 
enthalpy dependence on crystallinity or more precisely on crystalline 
morphology probably lies in the numbers of the alternative configura-
tions (gauche and trans) contained in the amorphous phase. The 
quenched or rapidly crystallized samples (0°C) are considered to 
contain a higher proportion of random or looped chain folds in the 
amorphous phase. These would be at a state of high internal energy 
due to the relatively large number·•of gauche configurations contained 
in the loops and would thus require a low enthalpy of activation. 
The slowly crystallized samples are considered to contain a higher 
proportion of regular chain folds incorporating fewer gauche configura-
tions. These folds would be at a lower state of internal energy and 
would require a greater enthalpy of activation. 
The calculation of a meaningful activation enthalpy from the 
temperature location of the dielectric p-loss peaks is complicated 
by the lack of resolution between the p -dispersion and the lower 
temperature ~ -dispersion and by the slightly curved nature of the 
plots, due to the increasing temperature dependence at high frequency. 
-1 0 However, a value of 55 kcal.mole for the 23.5 C sample, calculated 
from these peaks by the relation d(log f)/d(l/T) =- i\H/2.303R, 
Fig. 5.4,agrees surprisingly well with the i\H calculated by a 
lOO 
0.1 
0.05 
POLY(TETRAMETHYLENE OXIDE) 
18.0°C SAMPLE 
3 4 5 
LOG(FREQUENCY) 
y 
6 
0.05 
r!' 
0.05 
POLY(TETRAMETHYLENE OXIDE) 
23.5°C SAMPLE 
3 
RESOLVED DIELECTRIC LOSS 
PEAKS 
y 
4 5 6 
LOG (FREQUENCY) 
similar expression from the resolved frequency plane loss peaks Figs. 
5.5 and 5.6. The log f vl/T0 A plots in Fig. 5.4 are in excellent 
agreement with dielectric data provided by Wetton and Williams (17) 
for poly(tetramethylene oxide) over a similar frequency range. 
The dielectric activation enthalpies show a similar dependence 
on the crystallinity of the sample (55± 2.5 kcal.mole-l for the 
0 -1 
sample crystallized at 23.5 C to 38 ± 2.5 kcal.mole for the sample 
crystallized at 0°C) as do the dynamic mechanical activation 
enthalpies. The. favourable agreement between the activation 
enthalpies calculated from the mechanical and dielectric fo. -peaks 
and the similar dependence of the activation enthalpies on the 
crystallization temperatures is strong evidence to suggest that the 
mechanical and dielectric fo -processes have the same molecular origin• 
In a similar manner to that discussed earlier in Section 5.3 of 
this Chapter the mean square dipole moment per monomer unit ~2;n. 
of poly(tetramethylene oxide) is determined by the Onsager Equation 
(Equation 5.2) and is found to be l,l5D2 ( €~ = 2,55 T = 293°A). 
This enables the preferred configurations of the poly(tetramethylene 
oxide) chain to be predicted by Read's analysis for poly(tetramethylene 
oxide) (82) and the energy difference between the allowed trans and 
gauche configurations to be calculated. It is found by Read's 
2 
equation for ~ /n for poly(tetramethylene oxide) 
,u_2 /- 2 2 
-· = 2k (1 - cos 0( )( 1 - "! )( l - "'!., ) 
n 
+ 1t = 
5 
- ?1, 
2 2 
'1. - 3 '11. cos 0(. 
2 
- 5 '11. (1 -?). ) 
2 4 
- ( l - '1. ) cos ot. 
cos <X - 5 ~ ( 1 - 11. ) 3 
5 
-(1-"J_) 
where the terms are as defined for Equation 5,3, that 'L = 0,61, 
suggesting that trans configurations are preferred, The energy 
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(5.6) 
-1 difference AE, estimated by Equation 5.5 is found to be 1000 cal.mole 
The latter figure is in good agreement with previous dielectric data on 
the polymer (17), and is also in the same order as the ~E values for 
a number of linear n -paraffins (145): -1 n-butane 760 cal.mole , 
-1 -1 
n - pentane 450 cal.mole , h - hexane 520 cal.mole , n - octane 700 
-1 -1 
cal.mole and n - decane 780 cal.mole • It can thus be concluded 
that poly(tetramethylene oxide) normally exists in a planar, linear 
zig-zag form. 
A review of the configurational properties of some lower poly 
(ethers) by dielectric (the Read analysis) and crystalline structure:studies 
shows the following (146) (17): 
(i) Poly(methylene oxide) fcH2 - oj n' helical (tight), 
(iii) 
"L = -o. 75 -1 A E =-715 cal.mole • 
Poly(ethylene oxide) 
-1 LIE = 435 cal.mole • 
BcH2)2 - oJ n' helical (loose)' 
Poly(acetaldehyde) ~CH(CH3 ) - 0~ n' trans 
dE= 1000 cal.mole-1• 
(iv) Poly(trimethylene oxide) ~CH2) 3 - OJrn• trans, 
no dielectric data available. 
(v) Poly(propylene oxide) -8cH2~(cH3 ) - o} n' trans, 
t1E = 600 cal.mole-1 • 
(vi) Poly( tetramethylene oxide) fcH2 ) 4 - at n, trans, 
-1 LJE = 1000 cal.mole • 
It is evident that when the ether dipoles and hence the dipole-
dipole interactions are separated by a successive substitution of the 
non-polar CH2 group or by the steric effects of a CH3 group when 
present, ·: .. ' .. the configurations can approach the n - paraffin 
configuration at poly(trimethylene oxide). It must be noted however 
that the treatment of poly(acetaldehyde) and poly(propylene oxide) 
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data is not strictly possible by the Read analysis. Because of the 
' 
CH3 side 
of g> and 
group the potential energy would not be a symmetrical function 
sin(/! 1 0. However, since the amorphous polymers are 
thought to have an atactic chain configuration the assumption that 
sin~ = 0 does not seem unreasonable. 
It is of interest to note that the value of ~2/n = l.l5D2 is 
very similar to the value of ~2/n measured in a 'theta' solvent 
(l.20D2 ), thus providing experimental evidence to support Flory's 
suggestion that chain configurations will be similar in bulk and E) 
solvents (147). The mean square dipole moment per monomer unit for 
poly(tetramethylene oxide) in a 'non-theta' solvent, benzene, is 
2 .02D2 (148). 
5. 6 The i! -Loss Region in Poly( tetramethylene oxide) 
The mechanism of the low temperature •. 1!-process is more complex, 
since although mechanical and dielectric loss peaks are observed in 
the same temperature regions, the mechanical peaks are situated on a 
background loss (tan o <:: 0.04), whereas there is no such background 
loss below the dielectric peaks Figs. 4.11 to 4.15. 
It is reasonable to suppose that the same molecular mechanism 
accounts for both the mechanical and dielectric ~-loss peaks. 
Since the i! -process is both mechanically and dielectrically active, 
the mechanism will clearly involve motion of the -c-o-c- dipole. 
Thus the early suggestion by Willbourn (16) that the i! -loss peak in 
poly(tetramethylene oxide) is due to the motion of fairly short 
(CH2) units, where n = 4,may be immediately discounted. However, 
motion of fairly short chain units which include an oxygen atom, i.e. 
where the 0 acts as a CH2 unit, would produce a ~ -loss peak. An 
alternative mechanism to account for the low temperature ~-loss in 
polymers containing four or more CH2 groups is the Schatzki 
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'crankshaft' motion (21). It is quite feas;i.ble that if an oxygen 
atom is contained in the 'crankshaft' it could produce a dielectric 
loss. Schatzki ( 149) also reports that a IS -peak is present at 
about -120°C (1Hz) for poly(sulphides) of the general formula 
f (CH2)n - sJ m when n 4 4, but it is not clear from the reference 
whether the loss is mechanical or dielectric loss. The possibility 
that the ~ -peaks are caused by the orientation of absorbed water 
molecules can however be rejected for reasons given earlier in the 
present work (Section 4.4, Chapter IV). 
Both the mechanical and dielectric ~ -loss peaks show a slight 
temperature dependence, in that they move in sympathy with the main 
fi -peak but to a lesser extent. The mechanical peak areas are 
approximately constant with differing crystallization conditions. 
These observations suggest that the ~ -peak arises through some motion 
of the chains, different from the motion accounting for the ~-peaks, 
in the essentially amorphous phase. 
Activation enthalpies calculated by the Read and Williams area 
method (Equation 5.1) are not easily assessed, because of the diffi-
culty in obtaining the ~ and ER values. Estimates of the activation 
-1 
enthalpies by this method are in the order of 10 kcal.mole • 
Activation enthalpies calculated from the resolved ~ -peaks Figs.5.5 
and 5.6 by the d(log f)/d(l/T) = - AH/2.303R expression give a value 
-1 
of 6.5 T 0,5 kcal.mole which shows approximate agreement with the 
-1 
value quoted by Wetton and Williams (17), namely 9.7 ~ 0.4 kcal.mole • 
The general agreement between the mechanical and dielectric enthalpy 
values lends further support to the suggestion that the mechanical and 
dielectric I! -peaks are due to the same molecular motion. 
Recent mechanisms that have been put forward to account for the 
~ -peaks in poly(tetramethylene oxide) are: 
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(i) Local mode oscillations 
(ii) Motion of the chain folds, 
Yamafugi and Ishida (144) proposed that the 'secondary relaxation 
processes' were explained by the local mode mechanism in which the main 
chain dipoles underwent a damped torsional oscillation within a 
potential energy minimum. The theory predicts that the dielectric 
intensity of the relaxation at temperatures below the glass transition 
temperature is given by the following relation 
~·· = 3F (2E~ + f,;, )3 (5. 7) 
where )A. is the dipole moment per monomer unit, N' is the number of 
dipoles per cc, and t' and e~ are the limiting dielectric constants 
. 0 
of the relaxation region. F is a function of the force constants of 
-43 the local mode mechanism, which has been estimated as 6,4 x 10 erg 
by Wetton and Williams (17), Calculation of Ae• using Equation 5.7 
for the present data gives AE' = 0,25, Experimentally De' = 0,29 at 
0 
-90,6 c. Thus the theory predicts the right order of magnitude for a 
~-process. Predicted activation enthalpies for the low temperature 
" -1 o -process are in the region of·lo to 20 kcal.mole , The activation 
-1 
enthalpy 6,5 ~ 0,5 kcal,mole calculated in the present work is a 
little low for local mode oscillations to be considered the sole cause 
of the ~-process. 
Recent work by Olf and Peterlin (142) on several .morphologically 
different samples of poly(ethylene) has suggested that the ~-dispersion 
observed in that polymer is entirely due to motion of the chain folds, 
They measured the n,m,r. line widths and second moments as a function 
of temperature of a number of crystalline poly(ethylenes), plus an 
extended chain poly(ethylene) and poly(ethylene) single crystals 
treated with fuming nitric acid, The two latter polymers were 
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considered, due to their crystallization and chemical treatment 
respectively, to be devoid of chain folding and amorphous material. 
Neither polymer exhibited any line narrowing or decrease in the 
second moment at low temperatures, whereas the other poly(ethylenes) all 
showed a line narrowing and decrease in the second moment at about 
Moreover it was found that the greatest decrease in the 
second moment was for those samples with the highest degree of 
crystallinity, indicating that more molecular motion took place in the 
polymers with the greatest number of chain folds. 
If the poly( ethylene)· .15 -peak is in fact caused by motion of the 
chain folds it is reasonable to suggest that the poly(tetramethylene 
oxide) ($-peak in the present work, occurring at a similar temperature, 
could also be due to chain fold movement, particularly since the two 
polymers are structually so very similar. 
the 
Chain fold motion ought to be considered as a cause of//!{ "'-peak in 
poly(tetramethylene oxide) for a further reason. In the formation of 
chain folds, manipulation of Stuart-Briegleb type models has shown that 
the structure would have to contain 4 or 5 gauche configurations, i.e. 
- T - G - G - G - T - T - G - T L L R R This structure might thus be 
considered to be at a state of high internal energy. The energy 
difference between gauche and trans configurations is in the region of 
-1 1000 cal.mole (17) (as calculated in Section 5.5. of this Chapter); 
thus the activation enthalpies measured and quoted above do appear to 
provide additional evidence that motion of the chain folds may be 
responsible for the ~ -peaks. This hypothesis has one disadvantage 
in that polymer samples crystallized at high temperatures should have 
fewer and also more perfect chain folds. This would give a lower 
tanO ~-peak for the higher temperature crystallized samples. But 
in the present work the loss peaks are shown to be approximately 
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constant with<.differing crystallization temperatures, 
Consider now the mechanism accounting for the background loss 
below the poly(tetramethylene oxide) ~-peaks, The most striking 
feature of this loss is that it only occurs below the mechanical 
~-loss peaks, Figs, 4,5 and 4,6; below the dielectric loss peak 
temperature regions the loss falls rapidly to a low value. The 
mechanical background loss also appears to be reduced in magnitude 
with increased crystalline perfection, i.e. with increased tempera-
ture of crystallinity. The evidence therefore suggests that the 
mechanism lies in the crystalline phase,since 
(i) It is not dielectrically active. 
(ii) It is sensitive to crystallinity. 
Sinnott (150) proposed that the ~ -peaks observed from torsion 
pendulum measurements on poly(ethylene) single crystals at around 
-120°C may be due to stress induced reorientations of chain defects 
within the lamellae or to vacancies introduced in the lamellae. He 
concluded that the ~-relaxation in melt crystallized poly(ethylenes) 
is due to the same mechanism as that in the single crystals after 
finding that the n.m.r. data of the melt crystallized sample agreed 
with the single crystal data. The relaxation in the poly(ethylene) 
single crystals and in n - alkanes (150) (151) showed the same 
dependence of the temperature location on the number of carbon atoms 
between the surfaces of the crystals. It was therefore concluded that 
the mechanism accounting for the ~ -relaxation in poly(ethylene) single 
crystals and also in melt crystallized poly(ethylene) , was identical 
with the mechanism responsible for the low temperature relaxation'.in the 
n - alkanes. As the ~ -relaxation occurred in both crystals of n -
alkanes and poly(ethylenes), Sinnott proposed that the mechanism 
occurred in the crystalline phase, and since the area, temperature 
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location and n,m,r. mobile fraction of the ~-peaks showed a parallel 
increase with the annealing temperature of the relaxation samples, 
he suggested that the ~-relaxation was due to the reorientation of 
defects. 
0 Annealing the relaxation samples (above 100 C) was assumed 
to result in the introduction of defects (150), additional to those 
already introduced in the sample preparation, which must be present 
to account for the relaxation observed in the unannealed samples. 
This could explain the increase in area, temperature location and 
n.m.r. mobile fraction observed with increasing annealing temperature. 
The type of defect considered by Sinnott is similar to that 
proposed by Reneker (152). The defect is formed by compressing the 
planar zig-zag chains of poly(ethylene) along the direction of the 
chain axis, so that an extra CH2 group is accommodated in the cam-
pressed portion. In this way five CH2 groups are accommodated in 
the lattice in a portion usually accommodating four such groups. The 
defect could be extended to include more CH2 groups in the compressed 
portion and/or the compressed portion could be extended further along 
the lattice. 
Reorientation of the defects from one position to another 
involves only the partial rotation of carbon-carbon bonds. In the 
absence of an applied stress there is an equilibrium between these 
positions throughout the crystal, with the defects jumping from 
position to position. The application of a,stress with the result-
ing build-up of strain (as in dynamic mechanical measurements) causes 
the energies of the equilibrium positions to change, and the stress-
induced reorientation of the defects towards positions of lowest 
energy gives rise to a mechanical relaxation. 
The most serious disadvantage of the thermally induced defect 
hypothesis was the failure of the mechanical results to distinguish 
lOB 
between data obtained from poly(ethylene) samples that had (i) been 
quenched and (ii) had been slowly cooled from the annealing tempera-
ture, in order to alter the number of defects, It was thus evident that 
some irreversible defect formation had to be considered, 
Sinnott reported that the lamellae thickened considerably with 
annealing temperatures above 100°C, Whilst this is not remarkable it 
is significant however, to correlate the number of defects and hence 
the 8 -relaxation magnitude with lamellae thickness, since both 
lamellae thickness and !I -relaxation magnitude increase with annealing, 
Sinnott suggested that the X -relaxation was associated with vacancies 
and/or dislocations, i.e. irreversible defects, within the lamellae 
caused by the ~ains being drawn through the interior of the crystal 
during lamellar thickening, Hoffman, Williams and Passaglia (143) 
have also concluded that the ~ -relaxations observed in poly(chlorotri-
fluoroethylene) and poly(ethylene) are due to the reorientation of 
chains in a 'loose' chain end induced defect in the polymer crystal. 
Hoffman et, al. propose that the increase of concentration of these 
vacancy rows or dislocations, which is proportional to lamellar thicken-
ing, explains the increase of the 5 -process with annealing, A certain 
number of the defect regions are considered to be present in the 
unannealed polymersto account for the l-process observed in the 
unannealed polymers. 
Sinnott did not distinguish between the two possible mechanisms 
as causes of the ~-relaxation in poly( ethylene), With the structural 
and morphological similarity between poly(ethylene) and poly(tetra-
methylene oxide) it is quite possible that either of the above 
mechanisms could account for the background loss below the mechanical 
~ -peaks of the latter polymer, A further type of defect proposed 
to account for the low temperature X -peak in poly( ethylene) is due to 
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PeSbold (153). It consists of a 'double kink' or crankshaft-like 
protrusion containing a few CH2 groups, being formed in the otherwise 
planar zig-zag chain. The defect is reported to fit into the crystal 
lattice without much distortion, and is considered to execute jumps 
between two equilibrium positions thus giving rise to the ~-loss pro-
cess. The author is not convinced that this type of mechanism is 
responsible for the observed !! -background loss in poly( tetramethylene 
oxide) for the following reasons. First, it is difficult to imagine 
kinks and double kinks being easily accommodated in the crystalline 
lattice and secondly the reori~ntations or jumps between equilibrium 
positions of kinks and double kinks containing oxygen atoms would 
render the process dielectrically active, which is not the case in the 
present data. However, in partial support of the 'double kink' theory 
it has been reported (154) that a polymer containing an ethyl side 
group will crystallize and that lamellar thickening occurs, which 
suggests that certain regular side groups can be accommodated in the 
lattice. 
It is interesting to note for the sake of completeness that no 
very low temperature 0 -process has been observed in either of the two 
poly(ethers) measured in the present work. Hartshorn et al. (155), 
Scott et. al. (156) and Hoffman et al. (143) report a h -process in 
poly(chlorotrifluoroethylene) at very high frequency ( ~ 1010Hz), 
which is considered to be associated with the crystalline phase. 
The 0 -relaxation process appears to be most apparent in polymers 
that form a helical structure, e.g. poly(chlorotrifluoroethylene), 
poly(vinyl chloride) and isotactic poly(propylene). 
llO 
5.7 The Secondary Crystallization of Poly(tetramethylene oxide) 
Dynamic mechanical and dielectric relaxation measurements on 
poly(tetramethylene oxide) taken before and after some secondary 
crystallization had taken place have revealed the following general 
facts: 
(i) The mechanical and dielectric loss peaks tend to shift 
to slightly higher temperatures with a slight reduction 
in i{ -peak background. 
(ii) Modulus changes and dielectric permittivity changes are 
unaffected by the secondary crystallization process. 
A dielectric technique has been developed to study the process 
more closely (83). It was considered that by following the motion 
of the dipoles with time throughout the total crystallization process, 
information could be conveniently gained on the secondary process. 
Plots as shown in Fig.4.3 were obtained with a distinctive 
dielectrically inactive secondary crystallization region. Moreover, 
percentage crystallinities calculated from these curves by Equation 
2.58 showed the best correlation with specific volume primary process 
values. These observations indicate clearly that the secondary 
process at the above temperatures (18.0°C and 23.5°C) is not due to 
the crystallization of the residual amorphous chains. It is therefore 
concluded that the secondary crystallization in poly(tetramethylene 
oxide) is an improvement in order of the chains involved in the 
crystalline phase. 
Percentage crystallinities obtained from specific volume measure-
ments are based on V 100 the lOO% crystalline specific volume, calculated 
from unit cell dimensions. In this type of measurement the crystalline 
disorder is combined in the overall disorder and is counted as amorphous 
phase, hence the agreement between specific volume and X-ray measure-
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ments. If the disordered crystalline regions possess no dipole free-
dom, the dielectric data would be expected.to correlate with the long 
time, i.e. secondary specific volume data, since the use of the V 
lOO 
value is more correct at this stage, As this correlation is not 
observed, it is suggested that the secondary process is due to the 
rearrangement of irregular chain-fold surfaces of the lamellae to form 
more regular chain-fold surfaces and that the chain folds are 
dielectrically active both before and after rearrangement, This 
mechanism would account for the observed density change and would 
also explain the dielectric inactivity, since it is postulated that 
dipole motion is not changed, Also it accounts for the constant 
dielectric strength e ' observed before and after secondary 
crystallization (Table 4,7), 
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C. THE CORRELATION BETWEEN CRYSTALLINITY AND DYNAMIC BEHAVIOUR 
5.8 Dielectric Behaviour 
Dielectric studies do not reveal very much about the crystalline 
and amorphous coupling in partially crystalline polymers. This 
coupling is discussed more fully in the light of dynamic mechanical 
measurements in Section 5,9 of this Chapter, It is sufficient to 
state that the morphology of the samples varies according to 
crystallization temperatures and that the volume fraction crystallinity 
and hence the numbers of orientable dipoles do not differ much from 
sample to sample, The dielectric dispersion strength 6s ' would not 
therefore be expected to show a variation from sample to sample; as 
is indicated in the present work. The slight variation which is 
observed in A € ' [ .1E' (slowly crystallized samples) ( A£'' (quenched 
samples)J is most probably due to the state of the amorphous phase, 
i.e. whether the amorphous phase in the slowly crystallized samples is 
under more constraint or contains more trans configurations than the 
amorphous phase in the quenched samples. 
5,9 Dynamic Mechanical Behaviour 
In order to study the behaviour of partially crystalline polymers 
under stress it is necessary to establish the overall deformation 
process before considering the effects of the fine structure on the 
modulus. 
It has already been shown (86) (87) that polymers crystallize by 
spherulite formation, that the spherulite consists of lamellae 
radiating from a central nucleation centre and that the lamellae 
consist of folded chains in which the principal axis is perpendicular 
to the spherulite radius. An extension/compression deformation of 
this sphere will cause an elongation in the direction of the applied 
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stress. If the sample is subjected to an extension/compression cycle, 
as is the case in the present dynamic mechanical work, a similar deforma-
tion process takes place, namely 
sphere elipsoid (major axis parallel to direction of 
applied stress) 
sphere 
elipsoid (major axis perpendicular to direction of 
applied stress) 
sphere 
The two elipsoids are considered to be the same since only small 
deformations are used. 
The deformation is therefore predominantly governed by the 
modulus of the separation of the chains '<in the spherulite; 1;bata.re 
'P"":f>end.icuJar to che.ra.cli-u.s of the. sphe.,..ulHt • The chain folds in 
this deformation process are unlikely to affect the overall modulus 
because they lie in a plane essentially parallel to the surface of the 
Spher-ulitE!', It has already been reported in Section 2,6, Chapter II 
that the modulus for such a deformation of poly(ethylene) chains is 
10 -2 10 -2 5,7 x 10 dynes cm. and 2.1 x 10 dynes cm. calculated for the 
a and b directions respectively (67). Reported experimental values 
10 -2 10 for these directions are 3,1 x 10 dynes cm. and 3,8 x 10 dynes 
-2 
cm. respectively (69). The modulus values measured in the present 
work for all samples of poly(ethylene oxide) and poly(tetramethylene 
oxide) at a region of essentially low loss below the glass transition 
10 -2 temperature lie within the range 3.0 - 4.2 x 10 dynes cm. 
These figures are thus of the correct magnitude to agree with the 
deformation model. 
However'the region likely to provide the most information on the 
correlation of the amorphous-crystalline coupling to the modulus is 
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the region just above the glass transition temperature. In this 
region the amorphous chains are considered to have fairly free rotation 
and to have a modulus approaching that predicted by the rubber 
elasticity theory (107 - 108 dynes cm.-2). The low modulus of this 
phase would tend to suggest that on the application of an external 
stress all the deformation takes place in the amorphous phase and 
that the overall modulus will be that of the amorphous phase, i.e. 
7 8 -2 10 - 10 dynes cm. The fact that the moduli of poly(ethylene 
oxide) and poly(tetramethylene oxide) do not fall to this low value 
but lie mithin the comparatively high range of 3.2 x 109 - 4.5 x 109 
dynes cm.-2 for poly(ethylene oxide) and 1.3 x 109 - 1.8 x 109 dynes 
-2 
cm. for poly(tetramethylene oxide) is evidence to suggest that 
coupling takes place between the phases present. It is interesting 
to note here that the highest modulus values given above, i.e. 4.5 x 
9 -2 -2 10 dynes cm. and 1.8 dynes cm. are for the quenched samples. 
It may seem strange that the modulus of the least perfect samples 
should be higher than that of the more highly ordered samples. 
However, since a regular spherulitic structure is not present in these 
samples, crystalline orientation will be random and therefore the 
modulus due to the stretching of the chains along their axes will 
contribute to the overall modulus. The modulus governing such a 
deformation has already been shown to be high (64 - 66) - in the order 
of 1011 - 1012 dynes -2 cm. 
It is convenient to consider molecular models to elucidate the 
fine structure of the polymers. Two models are proposed and their 
various merits and demerits are discussed. The first model is 
similar to that suggested by Krigbaum et al. (72) and shows the 
crystalline regions to be embedded in an amorphous matrix. The 
model differs from the Krigbaum model in that at this stage the 
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amorphous chains are not considered to be under constraint. It has the 
advantage of simplicity and would be expected to show a strong dependence 
on the glass transition temperature. It is therefore considered that 
7 8 -2 
the amorphous modulus (10 - 10 dynes cm. ) would dominate the region 
under consideration, i.e. above the Tg. This type of model, with 
essentially rigid (crystalline) spheres embedded in an amorphous 
matrix, is considered to represent a series coupling of the two phases 
(74). The most serious defect of the model is that it is difficult to 
reconcile with the presence of spherulites, 
The second model consists of a girder-type arrangement of the 
lamellae with amorphous material contained within the crystalline 
'cross-members' . The existence of spherulites is easily reconciable 
with this structure, since the radiating 'cross-members' represent the 
radiating lamellae and the various joints represent the impingement 
boundaries of the spherulites, In this type of structure the 
amorphous chains would have a reduced influence on the modulus above 
the glass transition temperature and the girder-type structure would 
give strength to the polymers at higher temperatures. The model is 
considered to represent a parallel coupling of the amorphous and 
crystalline phases, 
These ideal models are used in calculations in order to test the 
agreement with the observed data. Consider first the series arrange-
ment of Model 1. The series modulus E' is given by (75) 
s 
[ 
2 2 J-/[v v] 0v , Go.> 7'ac a c a E = !2.i2 iE + ~E + 1 E 
s l+wr a c a 
ac 
where~ is the angular frequency of measurement, r is the combined 
ac 
relaxation time of the amorphous and crystalline regions, V and V 
a c 
are the volume fractions of the amorphous and crystalline regions 
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respectively and E and E are the moduli of the amorphous and 
a c 
crystalline regions respectively. Equation 5.8 may be simplified by 
letting 
thus giving 
'I' .,.. 7' # 1/,w 
ac - a\.'-
;[v a E• =. , -
s :. E 
a 
+ :CJ 
c 
(5.9) 
(5.10) 
Equation 5.10 may be further simplified by considering E ) E , thus 
c a 
the term V /E is negligible. 
c c 
E 
E' a 
s = :v 
a 
(5.11) 
Equation 5.11 is considered to be too much of a simplification and so 
Equation 5.10 is used for calculations. 
the 
E 
a 
For poly(ethylene oxide) E', calculated from Equation 5.10, using 
s 
average values V = 0.4, V = 0.6, E = 4xl010 dynes cm.-2 and 
a c c 
8 -2 . 8 -2 
= 10 dynes cm. • is found to be 1 .• 2.4 x 10 dynes cm. For 
poly(tetramethylene oxide) where V = 0.7 and V = 0.3, E' is calcu-
a c s 
8 -2 lated to be L.4 x 10 dynes cm. 
Consider now the parallel arrangement of Model 2. The parallel 
modulus E' is given by (75) 
p 
E' 
p 2 2 
1 +w 'Ta 
6E 
a 
+V 
c 
(5.12) 
where the terms are as defined above. Equation 5.12 is simplified by 
letting 
thus giving 
Using 
(5.13) 
E' = · (V E + V E ) p a a c c ( 5.14) 
Equation 5.14 E' for poly(ethylene oxide) is found to be 
p 
-2 dynes cm. and for poly(tetramethylene oxide) E' is found p 
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10 -2 
to be l.Z x 10 dynes cm. 
The E' and E' are tabulated in Table 5.4 and are compared with 
s p 
the observed moduli values. 
Table 5.4 
Comparison of Observed and Calculated Moduli Values 
above the Glass Transition Temperature 
Polymer 
Poly(ethylene oxide) 
Calculated E' 
-2 (dynes cm. ) 
E' ::_.2:1 X 108 
s 
E' 2.8 X 1010 p 
Observed E' 
-2 (dynes cm. ) 
9 3.2 - 4.5 X 10 
Poly(tetramethylene oxide) E' l.'l X 108 
s 
9 1.3 - 1.8 X 10 
E' l>. 3 X 1010 p 
It is evident that neither a series nor a parallel arrangement 
exclusively fits the observed data. In the series arrangement of 
Model 1 the amorphous component dominates the modulus as predicted 
but in the parallel arrangement of Model 2 the crystalline regions 
dominate the modulus. 
The above results infer that 
(i) Simple series and parallel arrangements of the 
crystalline and amorphous phases do not represent 
the behaviour of partially crystalline polymers under 
stress and that there is some degree of coupling. 
(ii) The observed moduli values are not biased to either of 
the extreme models. 
Before statement (i) is considered it is in order to calculate 
the modulus via the Krigbaum et al. (72) treatment as described 
earlier in Section 2.7 of Chapter II. The amorphous chains are 
considered to be under constraint and Young's modulus is given by 
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( 5.15) 
N is the number of 
statistical segments of molecular weight M
0
, X is the degree of 
crystallinity and f , R and T have their usual significance, There 
appears to be no data on statistical lengths for poly(ethers) in the 
literature; however, Krigbaum et al. do treat poly(ethylene) on the 
basis of a statistical segment of ten CH2 units, i.e. M0 = 140. 
Assuming the result is not too different for the poly(ethers), let 
the statistical segment be in the order of ten chain units, i,e,. 
8 CH 's plus 2O's (M = 144) for poly(tetramethylene oxide) and 2 0 
6 CH 's plus 3 O's (M = 2 0 132) for poly(ethylene oxide), Calculations 
based on these values give low moduli values ( ~ 108 dynes cm.-2 ) and 
the author considers that the moduli of partially crystalline polymers 
deserve treatment on a finer molecular scale. 
Statement (i) leads directly to the Takayanagi (73) Equation, 
which predicts the overall modulus of partially crystalline polymers 
by considering the complex parallel-series coupling of the amorphous 
and crystalline phases. The Equation is written 
1 
E* = (l -4>) 
4> 
* * 
+ 
* AE + (1 -A)E E a c c 
( 5 .16) 
where the terms are as defined in Section 2.7, Chapter II. Skilful 
manipulation of the series and parallel parameters cp and >- (such that 
cp>-. = V a' the volume fraction of the amorphous phase) enables the 
modulus of partially crystalline polymers to be successfully predicted, 
The above type of treatment may be extended to a consideration of 
the coupling of the regions within the spherulite, in order to predict 
a modulus for partially crystalline polymers, Let the spherulite be 
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(A) (C) 
E 
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·V 
""' 
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o' 
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c 
3 
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Fl G. 5.7 
represented by a molecular model, similar to Model 2,proposed earlier, 
consisting of lamellae radiating from a central point; a cross-section 
shown 
is shown in Fig, 5,7 (A), with a force F applied at A in the directionfo 
Consider now the a segment AOB, where 0 is the centre of the spherulite. 
The force F will produce a 'spectrum of deformations'. At A the 
deformation will be due to the separation of the chains within the 
lamellae tangential to the spherulite surface, as discussed earlier 
in this Section, and will be governed by a modulus of about 4 x 1010 
-2 dynes cm. • As the arc A to B is traversed the deformation will tend 
to cause bending of the lamellae in the direction of the applied force 
F, Fig. 5.7 (B), and hence cause a difference in the coupling between 
the amorphous and crystalline regions. 
The model may be simplified by considering the spherulite to be 
represnted by a cube contained within it, Fig. 5.7 (C), As before, 
consider the a segment to be representative of the whole. It is 
divided into a number of sub-sections in order to analyse the coupling 
of the amorphous and crystalline regions within the lamellae of the 
spherulite, Fig. 5.7 (D). This figure is simplified (and exploded) 
in Fig. 5,7 (E) where the sections are labelled to show the particular 
couplings; for example sections 1, 3 and 7 are considered representa-
tive of simple series coupling of the amorphous and crystalline regions, 
whereas section 9 is a simple parallel coupling and the remaining 
sections are considered to consist of equal fractions of both series 
and parallel arrangements in series. 
Fig. 5.7 (E) is equivalent to Fig. 5.7 (F) to which the following 
-2 
moduli data are ascribed (in dynes cm. ), 
E = 4 X 1010 
c 
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E (in the series and series/parallel arrangements) = 1011* 
c 
*This figure is obtained from the moduli range due to the twisting of 
the radiating lamellae (4 x 1010 
12 -2 NlO dynes cm. , an average of 
11 -2 10 dynes cm. ). The overall modulus is given by 
( 5 .17) 
where E1, E2 , E3 etc. are the moduli of the coupled sections in 
Fig, 5, 7 (F) • 
Equation 5,17 successfully predicts the order of magnitude of the 
modulus of the partially crystalline poly(ethers) used in the present 
• 
work : poly(ethylene oxide) E 9 (calculated) = 3,32 x 10 dynes -2 cm, 
' 
E 
9 -2 . (observed) = 3,2 x 10 dynes cm. (Table 5,4) and poly(tetramethy-
• lene oxide) E 9 -2 (calculated) = 1.72 x 10 dynes cm. • E (observed) 
91 -2 
= 1,3 x 10- - dynes cm, (Table 5,4), It is therefore proposed that 
the coupling of the amorphous and crystalline regions within the 
spherulite rather than the simple overall phenomenological coupling of 
these regions must be considered in order to explain the observed 
moduli of high molecular weight ( ~ 105) partially crystalline polymers. 
The nature of the quenched samples makes it impossible to construct 
a similar model for interpreting the modulus of such polymer samples. 
As stated earlier in this Section the crystalline regions are randomly 
orientated within the polymer and it is therefore considered that the 
crystalline moduli, i.e. the 4 x 1010 - N 1012 dynes 
-2 
cm, range 
discussed earlier, will contribute equally to the overall modulus, 
thus causing this modulus to be slightly higher than the modulus 
associated with the spherulitic partially crystalline polymers. 
For the sake of completeness comment must be made on the modulus 
levels of the extreme samples: the amorphous samples of both poly 
(ethylene oxide) and poly(tetramethylene oxide) and the solution 
crystallized poly(ethylene oxide) sample·, The low temperature 
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amorphous modulus of both polymers -2 dynes cm. for poly 
(ethylene oxide) and 2.1 x 1010 dynes cm.-2 for poly(tetramethylene 
oxide)] is within the expected range for amorphous polymers in the 
glassy state. The high modulus of the so-called solution crystalli-
zed poly(ethylene oxide) (6 x 1010 dynes cm.-2) is clearly due to the 
morphology of the polymer sample. It has been stated (23) that the 
solution crystallization method as used in the present work, i.e. by 
dissolving the polymer in ethanol and slow cooling to room tempera-
ture, produces single crystals of poly(ethylene oxide). Whilst the 
author cannot produce any micrographical evidence to support this, 
it is evident from the appearance and melting point of the precipitated 
polymer that a higher degree of crystallinity has been achieved. 
Some amorphous material appears to be present because a small mechani-
cal ~ -peak is observed, Fig. 4.4. It has already been reported 
(90) that single crystals consist of thin ( N lOOA) layers composed 
of polymer chains arranged with their chai~ axis perpendicular to 
the layers, If the deformation of such single crystals is by the 
previously considered separation of the chains perpendicular to their 
length, then the observed modulus value is not too far removed from 
the modulus governing this process. 
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CHAPTER VI 
CONCLUSION 
The dynamic mechanical and dielectric ~-loss peaks in 
both poly(ethylene oxide) and poly(tetramethylene oxide) are 
concluded to be due to the acquisition of thermal motion of the 
chains in the amorphous phase, i.e. the glass transition 
temperature. The decrease in area and hence increase in the 
activation enthalpy of the constant frequency dynamic mechanical 
loss peaks in the temperature plane with increasing crystalliz-
ation temperature is explained via the Read and Williams 
equation relating the activation enthalpies with the areas 
under 1/T v loss plots. The increase in activation enthalpy 
is considered to be due to a change of arrangements within 
the amorphous phase as the crystallization temperature is 
changed: slow crystallization (high crystallization temperature) 
produces a more uniform amorphous phase requiring a greater 
enthalpy of activation, whereas rapid crystallization 
(quenching) produces a random amorphous phase of high internal 
energy requiring a lower anthalpy of activation. 
The dielectric ~-peaks in poly(ethylene oxide) 
resolved at low frequencies have been considered elsewhere to 
be due to local mode oscillation within the crystalline phase; 
since they are not greatly affected by crystallinity there is 
no evidence in the present work to contradict this theory. 
The mechanical ll -process in poly( tetramethylene oxide) is 
complex: a loss peak of approximately uniform area is 
situated on a background loss, the magnitude of which decreases 
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with increasing crystallization temperature. The IS -loss 
peak,which is also dielectrically active, is considered 
to be associated with the amorphous phase, since it moves 
in sympathy with the main P-peaks. The mechanical ~ -loss 
background is considered to be associated with the crystalline 
phase and is thought to be due to motion at defect sites. 
Calculations on the dielectric data of the polymers 
indicate that poly(ethylene oxide) ha~ a pronounced number 
of gauche configurations ( ~ 50%) and that the energy 
difference between the gauche and trans is in the order of 
-1 0.44 kcal. mole , whereas poly(tetramethylene oxide) prefers 
a trans configuration with an energy difference in the order 
-1 
of l kcal.mole • The findings are in good agreement with 
independent data of the polymers. 
The mechanism of the secondary crystallization 
process present in poly(tetramethylene oxide) is shown by 
dielectric studies to be due to improvements in order within 
the crystalline phase. 
The present work indicates that the modulus of 
partially crystalline polymers, where complete spherulitic 
inpingement is present, can be successfully predicted by a 
consideration of the various moduli of the phases within the 
spherulite. The model is not applicable to partially 
crystalline polymers where no spherulitic impingement is present, 
since crystalline orientation is random and an exact structure 
cannot be postulated. The moduli of such systems are found to 
be slightly higher than the moduli of partially crystalline 
polymers with spherulitic impingement. This is due to the 
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random orientation of the crystalline regions and the high 
modulus encountered in some directions will therefore 
contribute to the overall modulus. 
It is concluded that spherulitic size and lamellar 
minor 
twisting are;parameters influencing the modulus of partially 
crystalline polymers. 
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APPENDIX A 
The Calculation of Dilatometric Data 
Since all measurements are made isothermally the 
calculations are much simplified: no corrections are required for 
the expansion (or contraction) of the dilatometric fluid or the 
material of the dilatometer. 
Let M be the mass and D the density of the amorphous 
0 
polymer sample at the temperature of crystallization, and let flH 
be the 
volume 
where r 
change in height of the dilatometric fluid. 
is 
is 
given by 
!>V ; 11 
the radius 
The volume 
V ;(M t - -D 
0 
r
2 !!. H 
of the capillary stem of the 
of the sample at any time t is 
The change in 
(A .1) 
dilatometer. 
given by 
(A.2) 
where b.Vt is the volume change after time t. The specific volume 
is then given by 
Specific Volume ; Vt 
M 
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APPENDIX B 
The Calculation of tanS from a Vibrating Reed 
Consider the general equation of motion (157) 
* Ix + kE x = F exp(jwt) (B.l) 
0 
* where I is the inertia of the vibrating system, E the complex 
Young's modulus, x the displacement, k is a constant of geometry 
and F exp (j <.>t) the sinusoidal force applied. This gives a 
0 
solution for amplitude 
(B.2) 
Consider.only peak amplitude by neglecting the 
exponential term which gives the time amplitude and phase of 
the sine wave 
X = 
0 (B.3) 
F is the peak driving force and x is the peak amplitude. 
0 . 0 
At resonance W = c.> and x = x 
m o m 
kE' = I G.l 2 m 
therefore 
X = Fo 
m kE" 
At one half power point x 0 
Equation B.3 
X 
m = 
J2 [(I w 2 -
. m 
substituting Equation B.5 
= 
F 
0 
X I 
m [2and 
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(B.4) 
(B.5) 
(U = From 
(B.6) 
[(It.> 2 - I t....l 2 l + 
m l 
( (J + 
m 
(B.7) 
(B.8) 
where 
(2Wm- .1tJl) 
Jw = ( w l m Using Equation B.4, Equation 
B.8 can be written 
kE'. t. '''l (2 w - Aw ) - kE" m l -
{U 2 
m 
t:. w1 (2wm - 6tJl) = tan S (B.9) 
w 2 
m 
At the other half power point of the resonance curve 
it can be shown by a similar process that 
Aw2 (2wm + .dw 1 )= tanS 
w 2' 
m 
Adding Equation B.9 and B.lO 
2w 
m 
(B.lO) 
(B.ll) 
If the resonance curve is approximately symmetrical then the 
last term on the L.H.S. of Equation B.ll can be neglected. 
~~ = tan 0 (B.l2) 
wm 
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substituting w = 2 1i f in Equation B.l2 gives 
/jf 
T =tan& 
0 
where f is the resonance frequency. 
0 
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(B.l3) 
APPENDIX C 
The Calculation of E' from the Vibrating Reed Apparatus 
It can be shown by the Energy Method (157) for 
obtaining the differential equations of motion of a vibrating 
reed, that the kinetic energy K and the potential energy P of a 
uniform beam of mass M loaded with a mass ~ at its extreme end 
are given by 
K = 1 [i~oM + ML] w 2Yo2 (C.l) max 2 
p = 3E'I Y 2 (C .2) 
max -- 0 
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I is the second moment of the area and E' and l are the Young's 
modulus and length of the beam respectively, y 2 is the 
0 
deflection of the beam. Equating Equations C.l and C.2, the 
-l fundamental frequency of vibration inW radians sec. becomes 
(..) 2 = 3xl40E 1I 
l 3 (140ML+33M) 
(C.3) 
Substituting I = t3x/12 and M = j> xtl where (>, x and t are 
respectively the density, width and thickness of the beam, and 
w 
2 
= 4 '{[" 2f; and rearranging Equation C .3 gives 
47f 13f 2 
E I = ----,,--::0:....._ 
35t3x 
(l40P\ + 33 f xtl) 
where f is the resonant frequency of measurement. 
0 
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APPENDIX D 
The Calculation of E' and tan & from a vibrating Laminate 
Consider a laminate of a metal beam, thickness h , 
m 
coated on its two largest opposing faces with a polymer material 
of thickness hv. It can be shown (121) that if a transverse 
loading P(x)exp (j w t) is applied to one end of the beam, the 
other being clamped, the equation of motion for the transverse 
displacement W(x) exp (j w t) is 
(E'I + E I )[1 + j tanOE'I,j(E'I + E I )]d4W/dx4-uw~ =P(x) 
v mm v mm 
(D.l) 
where E', tan 0 and I are the Young's modulus, loss factor and 
V 
second moment of area about the neutral axis of the polymer coating 
respectively. E and I are similar quantities for the metal 
m m 
beam. The loss factor of the metal beam is assumed to be 
negligible. U is the mass per unit length of the composite beam. 
If an effective flexural rigidity EI and an effective 
loss factor n are defined for the composite beam, the equation 
of motion may be written 
EI (1 + jn) d4W/dx 4 - U w2 W = P(x) (D.2) 
Comparison of Equations D.l and D.2 gives 
E'Iv/E I = (EI/E I )-1 
m m m m 
(D.3) 
and 
tan & = n [ 1 + (E I /E 1 I ) ] 
m m v 
(D.4) 
At any given mode the resonant frequencies of the composite beam 
f and the uncoated metal f are given by 
o m 
(D.5) 
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where 1 is the ·length of the composite beam and U the mass 
m 
per unit length of the bare metal beam. Equation D.5 can be 
rearranged to give 
EI/E I ~ (f /f )2 (U/U ) 
m m o m m 
(D.6) 
Putting Equation D.6 into Equation D.3 gives 
E'I IR I ~ (f /f )2 (U/U )-1 (D.7) v-m m 0 m m 
The L.H.S. of Equation D.7 is called the stiffness ratio. Since 
I and I are constants involving only dimensional terms the 
v m 
stiffness ratio can be written as 
E I I IR I ~ k (E I /E ) 
v' -m m m 
(D.8) 
where k ~ 8 (h lh )3 + 12 (h lh )2 + 6 (h /h ) v' ·~m V ··m v m (D.9) 
Young's modulus for the polymer material may now be 
obtained from Equations D.7 and D.8 
E' ~ (E /k)[(f /f )2 (U/U )-1] 
m o m m 
(D .10) 
or 
E' ~ (E /k)[(f /f )2 (1 + 2h f lh p )-1] 
m Offi V v·m/m (D .11) 
The loss factor of the polymer material is obtained 
from Equations D.4 and D.8 
tanS ~ n [1 + (E /kE' )] 
m 
132 
(D.12) 
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